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Amorphous Intergranular Film Design Criteria and Application as Damage Tolerant Features in
Nanocrystalline Alloys
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The large grain boundary volume fraction of nanocrystalline metals can bestow desirable
mechanical behaviors, but the same grain boundaries that impart these beneficial properties
challenge their application. Excess surface energy due to the substantial interfacial volume drives
grain growth, and thus a loss of the benefits gained by nanocrystalline grain sizes. Also, not all
grain boundaries are equal, where material behaviors can fluctuate dramatically depending on the
grain boundary structure and composition. New pathways to fundamentally alter the grain
boundary structure are needed to stabilize the nanocrystalline grain size and leverage the full
potential of nanocrystalline metals.

“Complexion” is a term used to describe the phase-like behavior of grain boundaries, where
grain boundaries, similar to bulk phases, can undergo discrete transitions in structure and
composition based on external factors such as temperature. Amorphous intergranular films, a type
of complexion, are of particular interest due to their ability to enhance both mechanical and
radiation damage tolerance due to the excess free volume present in these structures. In this thesis,
we seek to expand the current materials toolbox of alloys that can form amorphous intergranular

films, and then investigate the impact of these unique damage tolerant features in applications
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where they can be leveraged. First, we propose a set of materials selection rules aimed at
predicting the formation of amorphous intergranular films, and then apply these rules to discover
new alloys that can form these features. In doing this, we also discover a counterintuitive, ultra-
high temperature grain size stabilization regime driven by the formation of amorphous
intergranular films. Next, we investigate the impact of these features in applications where damage
tolerance is critical, particularly fatigue and radiation. We find that incorporation of amorphous
intergranular films throughout the grain boundary network of nanocrystalline alloys increases
plasticity preceding a fatigue crack, and dramatically improves radiation tolerance. In summary,
through an array of sputtered, electroplated and ball-milled Cu and Ni-based alloys, specialized
heat treatments, and electron microscopy techniques, we find that amorphous intergranular films
can potentially be found in a large number of alloys, and can dramatically improve nanocrystalline

alloy behaviors.
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Chapter 1: INTRODUCTION

1.1 The Motivation for Nanocrystalline Metals

While grain size is the standard metallurgical parameter, it is often the overlooked spaces
between the grains, the grain boundaries, that drive many observed behaviors [1]. For example,
grain boundaries increase strength by disrupting dislocation motion [2], but can also be weakest
links and serve as fracture initiation sites [3]. Single crystal Ni superalloys, such as those found
in the turbine blades of jet engines, eschew grain boundaries entirely in order to eliminate grain
boundary diffusion and achieve unparalleled creep resistance [4]. If such benefits are possible on
one extreme of the grain size spectrum by eliminating grain boundaries when problematic, then
perhaps new desirable behaviors can be found by instead maximizing the number of grain
boundaries when they are beneficial.

The portion within a material composed of grain boundary, called the grain boundary
volume fraction, can be increased by decreasing the grain size, and nanocrystalline metals with
grain sizes <100 nm take this concept to the extreme. For example, given a 1 nm grain boundary
thickness and a 10 nm grain size, 30% of the material volume is composed of grain boundary [5].
This substantial grain boundary volume fraction bestows a host of desirable mechanical behaviors
[6], most notably increased strength [7, 8]. The Hall-Petch effect defines the relationship between

grain size and strength as shown in Equation 1:

+= (1)

0y = 0, +
where gy is yield strength, o, and k are material constants, and d is grain size [9]. Strength generally
increases as grain size decreases, with the exception of the finest grain sizes where a transition to

interfacial dominated behaviors causes an inverse effect [2], as shown in Figure 1.1. In addition



to increased strength, improved wear resistance [10-12] and longer fatigue lifetimes [13] have also

been reported for nanocrystalline metals.
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Figure 1.1. A schematic of the Hall-Petch effect showing the relationship between grain size
and strength, from [2]. Strength increases as grain size decreases, with the exception of the
smallest grain sizes.

These desirable behaviors driven by large grain boundary volume fractions ultimately boil
down to the behavior of each individual grain boundary. The behavior of a grain boundary is
determined by its structure and composition, and is commonly described using the five parameters
of grain boundary character [14]. The lattice misorientation is defined by three degrees of freedom,
and the grain boundary plane orientation has two degrees of freedom, comprising the five total
parameters [15, 16]. The coincident site lattice (CSL) model can also be used to describe the grain
boundary structure. Repeated units are formed from points where misoriented lattices coincide,
and this repetition is described by the parameter ¥ which is defined as the reciprocal ratio of
coincident sites to the total number of sites. For example, X3 represents a twin boundary in a face-

centered cubic lattice, meaning that one atom is shared between the two grains for every three

atoms located in the lattice. Due to this definition, there is generally an inverse relationship



between structural order and £ number, where grain boundaries with a higher X value have less
structural order and vice versa. Increased levels of structural order are also connected to lower
grain boundary energy levels, where grain boundaries with a low Z value also tend to be low energy
[17, 18]. Figure 1.2 plots grain boundary energy versus misorientation angle for a symmetric
<110> tilt grain boundary in face-centered cubic Al. The energy minima show X3 and X11 special
grain boundaries, illustrating the relationship between high structural order and low grain boundary

energy.
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Figure 1.2. Grain boundary energy versus tilt angle for <110> boundaries in Al, from [15].
Energy minima for special boundaries X3 and X11 are indicated.

The grain boundary energy is also a function of composition as shown in Equation 2 [19,
20]:
¥ =Yo —'(AH%®9 + RT In X) 2

where y is the grain boundary energy, yo is the original grain boundary energy of the pure metal, I

is the grain boundary solute excess, 4H**9 is the enthalpy of segregation, R is the Boltzmann



constant, T is the temperature, and X is global dopant composition. The equation ultimately means
that segregation of dopant to grain boundaries can lower the grain boundary energy and

consequently change its behavior.

1.2 Grain Boundaries: The Problem and Solution

The enhanced properties of nanocrystalline metals are attributed to their large volume
fraction of grain boundaries [1], but the same grain boundaries that generate these desirable
characteristics in turn serve to frustrate their application. Nanocrystalline metals are highly
susceptible to grain growth, driven by a desire to lower the energy penalty associated with the
large interfacial volume [21-28]. Grain growth can be simply pictured by looking at the velocity
of a grain boundary (v) [29]:

v=Mgp Vgp K (3)
where Mg is the grain boundary mobility, ygb is the grain boundary energy, and « is the local mean
curvature of the boundary. From Equation 3, grain boundary velocity and therefore grain growth
is a function of kinetic and thermodynamic components, where the thermodynamic component can
be calculated using Equation 2. A tremendous amount of recent research has shown that these
components can be influenced by alloying and selective doping, ultimately suppressing grain
growth in a range of nanocrystalline metals [30-45].

Kinetically, the grain boundary mobility can be impeded through solute drag and Zener
pinning caused by particle dispersions [30-35, 46], which has been observed in Cu-Ta [35, 47],
and Cu-Nb [48]. Thermodynamically-driven stabilization is characterized by solute segregation
to the grain boundary because it is energetically favorable for dopants to reside at interfaces
compared to the crystalline interior. Such behaviors have been captured in various computational

models [20, 39, 40, 49], which predict alloys that can sustain stabilized nanocrystalline structures,



and have been confirmed experimentally in binary alloys including Ni-W [50], W-Ti [20], and Fe-
Zr [51]. Figure 1.3 shows a computationally derived library of dopant segregation tendencies,
defined as AH*9, for a wide variety of binary metallic alloys [39]. Essentially, the binary
combination indicated with a red square will have preferential dopant segregation to the grain
boundary that will stabilize the nanocrystalline grain size. This parameter has been extended into
a full set of stability criteria in order to design alloys that have optimal thermodynamic grain size

stability [42].
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Figure 1.3. The enthalpy of segregation (4 H**9) for many binary alloys, where the base metal
is the solvent, and the dopant is the solute, from [39]. The red scale means a positive 4 H*9
and a tendency for solute segregation to the grain boundary. The blue scale means a negative
AH® and a tendency for depletion of solute at the grain boundary. Black indicates
insufficient data for a calculation, and a dot or “x” indicates the data source.

Dopant segregation does not occur equally across the grain boundary network due to the
distribution of structures, compositions, free volumes, and energies at each grain boundary.
Instead, dopant segregation occurs heterogeneously, where different grain boundaries have

different dopant atomic fractions [52-54]. This is shown in Figure 1.4 in nanocrystalline Pt with



different degrees of segregated Au dopant across the grain boundary network [52]. This
heterogeneous dopant distribution has been observed to impact mateiral behaviors. For example,
differences in dopant grain boundary concentration across the grain boundary network can increase
toughness by causing nanoscale crack arrest, where an ideal global concentration can be found to
optimize both nanocrystalline stability and energy dissipation [55]. Also, thermodynamic and
kinetic mechanisms for nanocrystalline stability depend on the dopant concentration, and
eventually break down with increasing temperature where rapid coarsening is then observed [50].
New methods to tailor the grain boundary network in order to achieve ideal dopant segregation
and structural distributions for optimal mechanical behaviors and grain size stabilization at high
temperatures are necessary in order to further improve the application of nanocrystalline metals in

extreme environments.
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Figure 1.4. Nanocrystalline Pt with Au dopant segregation to the grain boundaries, from
[52]. (a) shows the high angle annular dark field (HAADF) image, and (b) shows the
corresponding Au concentration map gathered using energy dispersive X-ray spectroscopy.
The atomic fraction of Au at the grain boundary is indicated by the color gradient scale.



1.3 Complexions: A Powerful Perspective

An exciting concept for the design and control of interfacial properties are complexions,
defined as interfacial structures that are in thermodynamic equilibrium and have a stable, finite
thickness [56-58]. Complexions can be considered quasi-2D “phases” that only exist at an
interface, surface, or grain boundary [59]. Since their existence is dependent on the neighboring
crystalline grains, complexions do not technically adhere to the Gibbs definition of a phase and
thus are considered with this separate terminology [59, 60]. Dillon et al. [56] developed a
convention to classify complexions into six different types according to thickness, structural
ordering, and composition, shown in Figure 1.5. The six types suggested in Figure 1.5 were: (a)
sub-monolayer segregation, (b) clean, undoped grain boundaries, (c) bilayer segregation, (d)
multilayer segregation, (e) nanoscale intergranular films, and (f) wetting films. This continuum of
complexion types can be subdivided into ordered or disordered. Complexion types in Figures
1.5(a)-(d) have crystalline structure and are classified as ordered, whereas the types in Figures
1.5(e) and (f) can assume either an ordered or disordered structure. The disordered versions of

Figures 1.5(e) and (f) can be classified as amorphous intergranular films (AIFs) [56].



Figure 1.5. Classification of complexion types according to thickness, from [56]. The
complexions are classified as follows, (a) sub-monolayer segregation, (b) clean, undoped
grain boundaries, (c) bilayer segregation, (d) multilayer segregation, (e) nanoscale
intergranular films, and (f) wetting films.

Similar to bulk phases, complexions can be described with thermodynamic parameters and
can even undergo phase-like transitions in response to alterations of external variables such as
temperature, pressure, and chemistry [58, 59, 61]. The interfacial potential between the adjoining
grains can be calculated as a function of the grain boundary thickness, composition, and
interatomic distance assuming exponentially decaying interfacial forces. This results in an
oscillating free energy versus complexion thickness relationship where energy minima occur when
the complexion thickness is an integer number of bond lengths. This means that energetically
favorable grain boundary structures with characteristic thicknesses can occur [62]. Figure 1.6
shows these discrete complexion equilibrium thicknesses (h) with increasing temperature (T) and

chemical potential (i) in accordance with complexion type transitions [62]. Different complexion

types have been shown to dramatically influence material behavior and have been deemed the root



cause of several previously unexplained phenomena. Ordered bilayer complexions were found to
explain liquid metal embrittlement in Cu-Bi [63] and Ni-Bi [64] due to the segregation of Bi to the
grain boundaries which stretches the intergranular atomic bonds to near the breaking point, making
them very fragile. Similarly, Ga segregates to the grain boundaries in Al-Ga to form an ordered
multilayer complexion that also has an embrittling effect [65]. By preferentially incorporating
certain complexion types within the grain boundary network of nanocrystalline metals, dramatic
changes to grain boundary structure and composition can be achieved, resulting in dramatically

changed material behaviors.
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Figure 1.6. Discrete transitions in complexion equilibrium thickness (h) with increasing
temperature (T) or chemical potential (i) in accordance with complexion type transitions,
from [62].



1.4 The Motivation for Amorphous Intergranular Films

The AlFs investigated in this thesis are the disordered version of the nanoscale film
complexion consisting of dopant-enriched grain boundaries with nanometer-scale thicknesses and
amorphous structure [56]. Figure 1.7 shows high resolution transmission electron microscopy
(TEM) images of AlFs in Cu-Zr compared to a traditional, ordered grain boundary [66]. The insets
show the associated fast Fourier transform patterns for each region, highlighting the crystallinity
of the grains and amorphousness of the AlIFs. AlFs form when the energy needed to create an
amorphous region of a given thickness with two new crystalline-amorphous interfaces is less than
the energy of the original grain boundary, shown in Equation 4 [62]:

AGamorpn * M+ 2V < Vg (4)
where 4Gamorph refers to the volumetric free energy penalty for an undercooled amorphous film at
a given binary alloy composition, h is the film thickness, yq is the excess free energy of the new
crystalline-amorphous interfaces, and yg» is the excess free energy of the original crystalline grain
boundary. Figure 1.7(e) shows a range of measured AIF thicknesses present in the alloy in
accordance with Equation (4). In effect, AIF formation is a form of grain boundary premelting,
which is prohibitively difficult to observe in pure metals [67] but accessible for highly doped

boundaries.
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Figure 1.7. High resolution transmission electron microscopy images of amorphous
inergranular films (AIFs) in Cu-Zr, from [66]. (a) shows AlFs from a quenched sample,
whereas (b) shows the slowly cooled sample containing only ordered grain boundaries. The
insets show the fast Fourier transforms taken across the grain boundaries. (c) and (d) show
AIFs of other thicknesses, and (e) shows a frequency plot of measured AIF thicknesses.

AlFs have been shown to impart extremely desirable behaviors when incorporated within
nanocrystalline metals. Unlike bilayer complexions that can embrittle in Ni-Bi and Cu-Bi, AlFs
have been shown to improve damage tolerance due to the excess free volume present in the
amorphous grain boundary structure [68-70]. Atomistic simulations have shown that the
amorphous-crystalline interfaces that bound AlFs can attract dislocations [70]. Also, molecular
dynamics simulations have shown that AlFs increase toughness by delaying intergranular crack
formation and propagation [68, 69], increase radiation tolerance by acting as efficient and unbiased
sinks for point defects [71], and increase strength through dislocation pinning [72]. Experimental

studies support these findings, where nanocrystalline Cu-Zr containing AlFs had enhanced
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strength and ductility compared to the same alloy with only ordered grain boundaries [66]. Figure
1.8 shows a strain-to-failure versus yield strength plot for a variety of nanocrystalline metals,
where the alloys containing AlFs, indicated by red circles, had both significantly longer strain-to-
failures and increased yield strengths [66]. AlFs have also been shown to dramatically increase
diffusion which can cause solid state activated sintering [56, 62]. Solid state activated sintering,
referring to improved densification rates that occur below the solidus temperature, has been
observed in both metallic and ceramic systems. The addition of a small amount of sintering aid
element creates disordered intergranular films that act as pathways for improved diffusion below
the bulk eutectic temperature [62, 68-71, 73]. In addition, AlFs were recently found to stabilize
nanocrystalline grain structures against grain growth at elevated temperatures, with a
nanocrystalline Cu-Zr alloy remaining nanostructured even after a week at 98% of its melting
temperature (950 °C) [74]. This is shown in Figure 1.9 where the 950 °C Cu-Zr anneal is

represented by the green squares.
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Figure 1.8. Strain-to-failure versus yield strength plot for a variety of nanocrystalline metals,
from [66]. The alloys containing AlFs, indicated by the red circles, had both significantly
improved strain-to-failure and increased yield strength compared to other nanostructured

metals.

Grain Size (nm)

60

50

40

30

20

10

As-milled
550 °C
750°C
850 *C
850 °C

Pt

L A lllllll AL L lllllll A

10 100

Annealing Time (h)

Figure 1.9. Grain size as a function of annealing time in nanocrystalline Cu-Zr at a variety
of annealing temperatures, from [74].
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1.5 Problem Statement and Research Objectives

Nanocrystalline metals offer a variety of desirable mechanical behaviors, but are ultimately
challenged by uncontrolled grain growth. Thermodynamic and kinetic mechanisms to stabilize
the grain size are possible, but generally break down at high temperatures. In order to apply
nanocrystalline alloys in extreme environments that operate at high temperatures and leverage their
desirable mechanical behaviors, new methods are needed to dramatically engineer the grain
boundary network. Complexions offer this possibility by considering grain boundaries as phase-
like features that can have radically different compositions, structures, and behaviors. AlFs, a type
of complexion, are especially intriguing since they both increase nanocrystalline grain size stability
extremely close to the melting point and improve damage tolerance. Few alloys are known to form

these features and consequently few application studies exist.

In order to address the issues, the present work is organized as follows:

e Chapter 2: First we investigate material parameters that drive AIF formation, and use those
parameters to predict new binary alloys in which AlFs are accessible. Borrowing concepts
from bulk metallic glass materials design, we find that the enthalpy of segregation and
enthalpy of mixing best indicate if an alloy can form AlFs.

e Chapter 3: We then flex our new predictive muscle in order to discover new binary alloys
that can form AlIFs, and we find that Ni-W, a well-studied nanocrystalline alloy, can indeed
form AlFs. Using Ni-W, we also discover a counterintuitive, ultra-high temperature
stability regime driven by AIF formation.

e Chapter 4: Now having populated the materials toolbox of alloys that can form AlFs, we

turn our attention to applying these features in environments that can benefit from large

14



volume fractions of grain boundaries and increased damage tolerance. Fatigue is a primary
candidate, and in situ TEM fatigue testing is used to investigate the impact of AIFs on
toughness in nanocrystalline Cu-Zr.

Chapter 5: Nuclear radiation is also an extreme, high temperature environment where
nanocrystalline alloys with AIFs may be extremely beneficial. In situ TEM and ex situ
bulk irradiation on nanocrystalline Cu-Zr are used to investigate the impact of AlFs on

radiation tolerance.
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Chapter 2: Materials Selection Rules for Amorphous Complexion Formation
in Binary Metallic Alloys

The contents of this chapter have been previously published as [75] J.D. Schuler, T.J. Rupert,
Materials selection rules for amorphous complexion formation in binary metallic alloys, Acta
Mater. 140 (2017) 196.

2.1 Introduction

Due to the enhanced performance imparted by AlFs, the application of these unique grain
boundary structures to a wider array of alloys would be advantageous. The hypothesis of surface
premelting promoted interest in stable interfacial films [76], which lead to thermodynamic
descriptions of 2D-interfacial films that undergo phase transformations [77-79]. Complexions
have since been extensively studied in ceramics [56, 59, 80] and multicomponent metallic systems
where AIlFs are accessible [81, 82]. Advancement of the thermodynamic theories behind
complexions has even allowed for the development of grain boundary phase diagrams that connect
structural transitions at an interface with alloy composition and temperature, emphasizing their
phase-like behavior [57, 62].

While the theoretical framework behind AIF formation is well-developed, the
implementation of this concept to new alloy systems has been limited. The experimental study
and application of these features has been largely relegated to ceramics where AIFs have been
extensively observed [56, 83], or in alloys where AlFs were already suspected, such as those alloys
that exhibit the AIF-driven behavior of solid state activated sintering [84]. Development of a
general set of materials selection rules using readily available material parameters to predict
material systems in which AIFs are possible would be powerful. The history of amorphous
materials research can serve as an instructive example of this concept. In 1932, Zachariasen [85]
offered a critical discussion of the structure of glassy ceramics and suggested general guidelines

for materials selection, prompting a flurry of discoveries and advancements built upon these
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guidelines. Despite their rudimentary nature, Zachariasen's rules are recognized as one of the first
attempts to systematically address glass forming ability, fundamentally influencing future research
in the field [86]. Similarly, as interest began to build for amorphous metals, Inoue [87] suggested
a set of three empirical rules that have since provided a preliminary guide for the development of
new bulk metallic glasses (BMGS).

In this study, we propose materials selection rules for the promotion of AlFs that emphasize
dopant segregation to grain boundaries and the creation of energetically favorable conditions for
forming an amorphous region. To test the robustness of these rules, a variety of Cu-rich systems
with contrasting thermodynamic parameters were selected and processed. Here, we focus on
transition metal dopants in order to avoid complicating factors such as directional bonding,
complex kinetics, and crystallographic anisotropy dependence that are characteristic of ceramic
systems [62, 88, 89]. The behavioral patterns established by the inspection of the Cu-rich alloys
are then extended to predict the complexion formation behavior of a new Ni-based alloy where
AlFs have not yet been observed in prior work. In summary, the type of complexion formed at
the grain boundaries of a polycrystalline binary metallic alloy can be controlled by an informed
selection of enthalpy of segregation (4H*%9), enthalpy of mixing (AH™), and atomic radius
mismatch, where AIF formation depends on dopant segregation to the grain boundary and the glass

forming ability of the alloy.

2.2 Materials and Methods

The alloys used in this study were produced with magnetron co-sputtering using an Ar
plasma in an Ulvac JSP 8000 metal deposition sputter tool. Sputtering was specifically chosen in
order to create high purity samples. High-purity targets were obtained from Kurt Lesker with

purities of 99.99 wt.% for Cu, 99.2 wt.% (inc. Hf) for Zr, 99.9 wt.% (exc. Zr) for Hf, 99.95 wt.%
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(exc. Ta) for Nb, 99.95 wt.% for Mo, and 99.99 wt.% for Ni. In addition, deposition was only
performed after a 107 mTorr base chamber pressure was achieved to further minimize impurity
incorporation into the films. The films were deposited at 400 °C using an Ar pressure of 1.5 mTorr
with sample stage rotation during deposition in order to achieve a uniform film. The metals were
co-deposited onto Cu or Ni substrates which had been polished to a mirror surface finish prior to
deposition. Films were deposited onto sheets of the primary alloying element in order to eliminate
unwanted chemical reactions between the thin film and substrate during subsequent thermal
processing. A summary of the key deposition parameters, processing details, and film information
are presented in Table 2.1. Additional insight regarding the sputter and anneal processes are

presented in Appendix A.

Dep. Solute/ Ar base Dep. Avg. Film Post Ava. Grain 0.92T i
Alloy Substrate | Temp. | Solvent Dep. | Pressure Rate Thickness Quench Sigé (nm) ‘ (05‘;"““5
(°C) Power (W) (mTorr) (A/sec) (um) (at. %)

Cu-Zr Cu 400 | 75/150 1.5 1.8 1.94 4.3 99 +29 900

Cu-Hf Cu 400 | 75/150 1.5 1.7 2.04 6.2 47 +£12 915

Cu-Nb Cu 400 | 75/150 1.5 1.6 1.92 2.7 468 + 185 1000

Cu-Mo Cu 400 | 75/150 1.5 1.6 1.82 3.3 85+ 26 1000

Ni-Zr Ni 400 | 75/150 1.5 0.9 1.34 5.5 40+ 12 1100

Table 2.1. The sputter deposition parameters including substrate, deposition temperature,
power, base pressure and deposition rate. Also included is the resultant film thickness,
dopant percentage and final grain size of each alloy after all thermal processing treatments
were completed.

Since the average thickness of a transmission electron microscope (TEM) sample must
generally be <100 nm in order to achieve electron transparency [90], very small grains can overlap,
introducing uncertainty to structural and chemical analysis [91]. In order to minimize this issue,
high sputtering temperatures were chosen in order to increase atom mobility and maximize grain
size at deposition, as well as suppress the growth of a void-filled film [92]. A micrometer-scale

film thickness was also targeted since the maximum grain size achievable in a thin film is typically
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tied to the film thickness [93]. After deposition, all samples were annealed under vacuum at 500
°C for 24 h to promote further grain growth and allow for segregation of dopants to the grain
boundary to achieve chemical equilibrium.

Target alloy compositions were chosen far from intermetallic transitions but above the
solid solubility limits in order to minimize the unwanted precipitation of second phases while still
promoting grain boundary segregation.  Different complexion types can be accessed by
modulating annealing conditions, such as temperature and pressure, to control complexion type
transformations [59], with higher temperatures promoting the formation of thicker AlIFs [57]. In
order to maximize AIF formation, the samples were heated to ~0.92Tsoiiqus Of the alloy at the
measured composition (900 °C for Cu-Zr, 915 °C for Cu-Hf, and 1000 °C for both Cu-Nb and Cu-
Mo), held for 1 minute and then rapidly quenched to preserve any thermodynamically stable
interfacial structures that are only achievable in the heated state. In order to execute the heating
and quenching steps without oxidation, the samples were sealed under vacuum in high purity
quartz tubes, suspended in a vertically-oriented tube furnace for the high temperature annealing,
and then dropped into a water bath in under 1 s for quenching. The 500 °C anneal for 24 h permits
long range diffusion of the dopants. After this, the diffusion length scales calculated for the
~0.92Tsoliqus @anneal for 1 minute are on the scale of hundreds of nanometers for each alloy,
providing ample opportunity for dopants already localized at the grain boundary post the 500 °C
anneal for 24 h to reorder across the nanometer scale. This local reorganization thus permits
dopants segregated to the grain boundary to reorder into a thermodynamically favorable state, such
as an AlF.

TEM samples were created using the focused ion beam (FIB) lift-out technique on an FEI

dual beam Quanta 3D microscope using Ga* ions. To reduce ion beam damage, all TEM samples
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received a final polish with a low power 5 kV beam to remove surface amorphization and minimize
damage caused by the beam. Bright field (BF) TEM images and selected area electron diffraction
(SAED) patterns were collected using a Philips CM-20 operating at 200 kV. The average grain
sizes of the alloys were determined by measuring the areas of at least 100 grains and calculating
the average equivalent circular diameter. High resolution TEM (HRTEM) was performed on an
FEI Titan at 300 kV. Energy-dispersive X-ray spectroscopy (EDS) and high angle annular dark
field (HAADF) scanning TEM (STEM) were collected on the same microscope at 300 kV. Fresnel
fringe imaging was used to identify interfacial films as well as to ensure edge-on orientation of the

grain boundary during imaging [94].

2.3 Results and Discussion
2.3.1 Proposed Materials Selection Rules for AIF Formation

We hypothesize that two key requirements must be satisfied for a nanoscale amorphous
complexion to form in a binary metallic alloy. First, sufficient excess dopant needs to be present
at the grain boundary in order to drive AIF formation. In situ TEM heating experiments have
shown that grain boundary premelting is vanishingly difficult in pure monotonic metals, with an
ordered boundary structure persisting to at least 99.9% of the melting temperature [67].
Alternatively, the addition of a segregating dopant can make grain boundary premelting conditions
accessible at much lower temperatures (e.g., 60-85% of the melting temperature for W-rich alloys
[84]), explaining solid state activated sintering [95]. The enthalpy of segregation, AH**9, describes
whether it is energetically favorable for a dopant element to segregate to the grain boundary in a
polycrystalline system, with a positive value denoting a propensity for segregation and a negative

value denoting a preference for depletion of the dopant at the grain boundary [39].
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Murdoch and Schuh [39] developed a catalogue of 4H**9 values using a Miedema-type
model for a large number of binary alloy combinations in order to further understand the role of
this parameter in stable nanocrystalline alloy design. By lowering the grain boundary energy
through dopant segregation, the thermodynamic driving force for grain growth is mitigated,
allowing these materials to retain their desirable nanocrystalline structure even when exposed to
elevated temperatures [19]. The theoretical framework to predict stable nanocrystalline materials
using a thermodynamic stabilization route has made considerable progress in recent years [36-42,
49]. Darling et al. [43] also contributed to this field by calculating stability maps for the solute
composition needed to minimize the excess grain boundary energy for a given grain size and
temperature. Both types of studies provide a firm foundation for elemental selections when
designing thermally-stable nanocrystalline alloys by utilizing grain boundary segregation.
Similarly, the first requirement for nanoscale AlIF formation is that 4/°*9 must be positive to ensure
sufficient dopant is situated at the grain boundary.

The second requirement for AIF formation is that it must be energetically favorable for the
grain boundary to assume an amorphous structure with a stable thickness and chemical
composition. Nanoscale AIF formation is energetically favorable when the free energy penalty
associated with the formation of a disordered film of a certain thickness is less than the reduction
in interfacial energy caused by the replacement of the original crystalline grain boundary with two
new amorphous-crystalline interfaces, as summarized in Equation 5 (the same as Equation 4 but
rearranged for clarity) [62]:

AGamorpn " h <V¥ep — 2Yq = Ay )
AGamorph refers to the volumetric free energy penalty for an undercooled amorphous film at a given

alloy composition, h is the film thickness, ygv is the excess free energy of the original crystalline
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grain boundary, and yq is the excess free energy of the crystalline-amorphous interface. From
Equation 5, it is advantageous to have a small volumetric free energy penalty for the amorphous
phase to promote AIF formation or alternatively sustain thicker AlFs. Due to their amorphous
structure, AlFs bear a clear resemblance to BMGs. Prior work has even shown that the short-range
structural order in the interior of an AIF is identical to a bulk amorphous phase [96]. As such, we
propose that the materials selection rules used for the creation of BMGs can be instructive for
nanoscale AlFs.

Three empirical guidelines, primarily introduced by Inoue [87], have been used to improve
the glass forming ability (defined as the critical cooling rate needed to retain an amorphous
structure during solidification from the melt) of materials for BMG production. First, multi-
component alloys, usually consisting of three or more elements, increase the complexity and size
of the possible crystalline structures, reducing the possibility of long range periodicity upon
cooling [87, 97]. While ternary and higher alloys make the best BMGs, examples exist in binary
systems as well, such as Cu-Zr [98]. Binary alloys were selected for this work in order to simplify
the selection process and ensure segregation, since grain boundary enrichment is critical for
nanoscale AIF formation in accordance with the first AIF selection rule. The prediction of
segregation behavior in systems with multiple dopants is challenging, as the various dopants can
compete for segregation sites and interact to influence the final microstructure [99]. In this study,
we focus on binary systems in order to circumvent this complicating factor while still allowing for
grain boundary enrichment.

Second, a large atomic radius mismatch between elements further hinders the formation of
a crystalline structure by creating a high packing density in the amorphous structure, which

impedes the free volume expansion necessary to form a crystalline structure [87, 97]. The atomic
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radius mismatch is defined as the difference in the metallic bonding radii [100] of the elements in
the binary metallic alloy divided by the radius of the smaller element, where a value greater than
12% is preferential for BMG formation [97, 101], as shown in Equation 6:
Ar/r = (Tzarger — Tsmauter )/ Tsmater > 12% (6)

Third, a negative AH™* creates a thermodynamically favorable landscape that reduces the rate of
crystal nucleation [87, 97]. A negative AH™* refers to an exothermic solution where energy is
released upon mixing, meaning bonding between differing elements is favorable. Conversely, a
positive value refers to an endothermic solution where bonding between like elements is favorable
[102]. A common empirical signature of a negative AH™* is the presence of many intermetallic
phases on the equilibrium phase diagram.

Thus, alloys with positive 4H*%9 as well as negative 4H™ and atomic radius mismatch
greater than 12% are promising candidates for AIF formation. Four Cu-rich, binary metallic alloys
(Cu-Zr, Cu-Hf, Cu-Nb, and Cu-Mo) that exhibit dopant segregation and possess a range of AH™*
and atomic radius mismatch combinations were chosen in order to test these selection rules. Cu-
Zr and Cu-Hf have a positive 4FH**9, as calculated using the Miedema method [39]. Cu-Nb is also
expected to have a positive 4H**9, due to previous modeling and experimental research that has
shown Nb segregation and clustering at grain boundaries in Cu [103-105]. Experiments on Cu-
Mo have shown that irradiation leads to Mo clustering at grain boundaries [106], also indicating a
positive AH*%9. In addition, Atwater and Darling [107] calculated a theoretical minimum grain
boundary energy caused by Nb and Mo added to nanocrystalline Cu, further suggesting a
thermodynamic propensity for dopant segregation to lower the grain boundary energy. In order to
examine the second half of our materials selection requirements (promotion of an amorphous

structure), alloys were chosen with different thermodynamic parameters. Cu-Zr and Cu-Hf have

23



negative AH™* values [108], whereas Cu-Nb and Cu-Mo have positive AH™* values [43, 109].
Cu-Zr and Cu-Hf have several intermetallic phases with deep eutectics that can form whereas Cu-
Nb and Cu-Mo do not [110], reflective of the AH™* parameters in these systems. Additionally, all
of the alloys except Cu-Mo have an atomic radius mismatch greater than 12%. Cu-Zr is a well-
known glass former and was in fact the first binary BMG created [98], with evidence emerging
that the high crystal-liquid interfacial free energy of this alloy is responsible for this behavior
[111]. Cu-Hf has also exhibited reasonable glass forming ability [112].

As a result, we predict that Cu-Zr and Cu-Hf alloys can sustain nanoscale AlFs because
dopant segregation is encouraged while favorable values of AH™ and atomic radius mismatch
promote the formation of an amorphous structure. Conversely, Cu-Nb and Cu-Mo are predicted
to have ordered grain boundaries due to the low glass forming ability of these systems. Grain
boundary segregation of the added dopants is expected in all four of the alloy systems. The key

thermodynamic parameters and predictions are summarized in Table 2.2.

i Atomic Radius | Grain Boundar
Alloy AH™ AHTY Mismatch (%0) Prediction ’
Cu-Zr Positive Negative 25 AlF
Cu-Hf Positive Negative 24 AlF
Cu-Nb Positive Positive 14 Ordered
Cu-Mo Positive Positive 9 Ordered
Ni-Zr Positive Negative 29 AlF

Table 2.2. The thermodynamic variables and predictions for complexion type for the binary
metallic alloys. Alloys with a positive 4H*9 coupled with a negative AH™* are predicted to
have AIF formation. In contrast, those alloys having a positive AH*9 coupled with a positive
AH™* are predicted to have ordered grain boundaries. An atomic radius mismatch >12%
promotes BMG formation and is also evaluated for its influence on grain boundary
structure.
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2.3.2 Characterization of Cu-rich Alloys

BF TEM images of the Cu-rich alloys after heat treatment are shown in Figure 2.1. All of
the alloys exhibited equiaxed grains, with the average grain sizes and standard deviations presented
in Table 2.1. Despite a deposition temperature of 400 °C, micrometer scale film thicknesses, a
500 °C anneal for 24 h, and an annealing step at 0.92Tsaiiqus (all of which should promote grain
growth), the Cu-Zr, Cu-Hf, and Cu-Mo films were still nanocrystalline with average grain sizes of
99 nm, 47 nm, and 85 nm, respectively. This is in contrast to pure Cu films deposited using similar
deposition conditions which exhibited substantial grain growth.  Cu-Nb also exhibited some
amount of grain boundary stabilization, although to a lesser degree with an average grain size of
468 nm in the ultrafine-grained regime. EDS elemental maps were collected to provide a
preliminary understanding of the degree of grain boundary segregation and dopant distribution
experienced by each alloy, as shown in Figure 2.2 and Figure 2.3. Figure 2.2 shows the
accompanying HAADF STEM image to the EDS map for Cu-Zr, highlighting how the dopant
concentration values are highest at the grain boundaries. Both Figures 2.2 and 2.3 show that dopant
concentration is inhomogeneous and that segregation to the grain boundaries occurs, in agreement

with the positive 4F**9 values for the four alloys.
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Figure 2.1. Bright field transmission electron microscopy images of the (a) Cu-Zr, (b) Cu-
Hf, (c) Cu-Nb and (d) Cu-Mo films after completion of all heat treatment steps. The insets
show the electron diffraction patterns for (a) Cu-Zr and (b) Cu-Hf, where only single phase
face-centered cubic (fcc) diffraction rings are observed.

(a) Cu-Zr (b) Cu-Zr

Figure 2.2. (a) shows a scanning transmission electron microscopy image, and (b) shows the
corresponding compositional map of the (b) Cu-Zr alloy, after completion of all heat
treatment steps. Green regions correspond to high Zr content, which is present at the grain

boundaries.
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(a) Cu-Hf B (b) Cu-Nb (c) Cu-Mo

Figure 2.3. Compositional map of the (a) Cu-Hf, (b) Cu-Nb, and (c) Cu-Mo alloys, after
completion of all heat treatment steps. Blue, orange, and red regions correspond to high
levels of Hf, Nb, and Mo, respectively.

While all of the alloys experienced dopant segregation, the grain boundary structures
differed significantly. TEM inspection of interfaces in the Cu-Zr and Cu-Hf system are presented
in Figure 2.4. The SAED insets in Figures 2.1(a) and (b) confirm that the Cu-Zr and Cu-Hf films
had no second phase precipitation, indicated by the presence of only the face-centered cubic (fcc)
Cu diffraction rings in the pattern [113, 114]. Figure 2.4(a) shows an HRTEM image of a ~2 nm
thick AIF in the Cu-Zr alloy, with Figure 2.4(b) displaying the accompanying EDS line profile
scan for that grain boundary. The Zr segregation is evident in the line profile, reaching a maximum
value of 7 at.% Zr and dropping to approximately 1 at.% Zr in the grain interior. It is important to
note that the interaction volume of the electron beam is likely larger than the grain boundary
thickness, meaning the maximum Zr composition measured is an average of the AIF composition
and the crystalline material next to it. The segregation observed here is similar to the behavior
reported by Khalajhedayati and Rupert [74] in a Cu-Zr alloy with AlFs that was created through
ball-milling. Figures 2.4(c) and (d) present similar data for the Cu-Hf system, showing a 5 nm

thick AIF that reaches a maximum dopant concentration of ~12 at.% Hf at the grain boundary but
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then the composition drops down as the line profile extends into the neighboring grains. Again,
the overall trend of dopant segregation to the grain boundary is clear.

Also presented in Figures 2.4(a) and (c) are fast Fourier transform (FFT) patterns taken
from HRTEM images of the grain boundary films and the neighboring grains. The FFTs of the
adjoining grains show periodic spots around the center point, indicating the presence of crystalline
order, which also appears in the HRTEM image as lattice fringes. In contrast, the FFTs of the
grain boundary film are featureless, confirming the presence of an amorphous region. The
thickness of the films in Figures 2.4(a) and (c) are constant along the grain boundary, suggesting
that the films are in thermodynamic equilibrium with the two neighboring crystalline grains and
can be classified as nanoscale AlFs. Work by Dillon and Harmer [80] on complexions in Al2O3
showed that the thickness along a wetting film can change significantly and tended to be much
thicker (>10 nm in many cases) than the films found here, lending additional confidence to the
classification of these films as nanoscale AlFs and not amorphous wetting films. It is important
to note that the thickness of the observed AlFs varied from boundary-to-boundary and that some
interfaces even appeared ordered without an amorphous complexion. This variety of thicknesses
was also observed in ball-milled Cu-Zr [66] and is likely due to variations in grain boundary

character [115] as well as local fluctuations in Zr content.
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Figure 2.4. High resolution transmission electron microscopy images of amorphous
intergranular films in the (a) Cu-Zr and (c) Cu-Hf samples, with fast Fourier transform
images shown in the insets. Composition line profile scans across (b) the Cu-Zr sample and

(d) the Cu-Hf samples are also shown. The yellow lines in (a) and (c) give the scan locations,
with the grain boundary (GB) location marked on the line profiles in (b) and (d).

Figures 2.5 and 2.6 show HRTEM images and EDS line profiles of representative grain
boundaries in the Cu-Nb and Cu-Mo systems. Both systems had only atomically sharp grain
boundaries with ordered structures. No AIFs were found even after the inspection of many

boundaries. Figures 2.5(b) and 2.6(b) show EDS line scans of Cu-Nb and Cu-Mo grain boundaries
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with excess dopant being seen for each system, reaching 8 at.% Nb and 10 at.% Mo at the grain
boundaries and dropping down inside the neighboring grain interiors. While dopant segregation
was present at the grain boundaries, dopant-rich crystalline clusters were also found at both the
grain boundaries and within the grain interiors for both alloys. For Cu-Nb, the clusters were
typically ~30 nm in diameter. An HRTEM image of a Nb precipitate located at a grain boundary
is shown in Figure 2.5(c), with the associated EDS line scan across the cluster in Figure 2.5(d),
reaching a maximum value of 27 at.%. Nb. Cu-Mo formed smaller clusters that were ~5 nm in
diameter. An HRTEM image of multiple Mo clusters is presented in Figure 2.6(c), with the
associated EDS line scan across the cluster in Figure 2.6(d) showing a maximum composition of
17 at.% Mo. Again, it is likely that the compositions of the precipitates are higher due to the
surrounding Cu being included in the beam interaction volume. The FFT insets in Figures 2.5(c)
and 2.6(c) confirm the crystallinity of the clusters and neighboring grains. A summary of the grain

boundary structures found in the Cu alloys is presented in Table 2.3.

Alloy Dopan_t Segregation Complexion
to Grain Boundary? Type Found
Cu-Zr Yes AlF
Cu-Hf Yes AlF
Cu-Nb Yes Ordered
Cu-Mo Yes Ordered
Ni-Zr Yes AlF

Table 2.3. A summary of the final results for both the Cu-rich and Ni-rich systems. All of
the systems experienced dopant segregation. Cu-Zr and Cu-Hf both had AIF formation,
while Cu-Nb and Cu-Mo had ordered grain boundaries. Using this knowledge, Ni-Zr was
predicted to contain AlFs, which was confirmed.
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Figure 2.5. High resolution transmission electron microscopy images from Cu-Nb of (a) an
ordered grain boundary and (c) a Nb-rich cluster located along a grain boundary. Fast
Fourier transform images shown in the insets are sampled across the grain boundary film
and the Nb-rich cluster, as well as the grain interiors. Compositional line profile scans are
given across the (b) grain boundary and (d) Nb-rich cluster. The yellow lines in (a) and (c)
give the scan locations, with the grain boundary (GB) and cluster location marked on the
line profiles in (b) and (d) respectively.
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Figure 2.6. High resolution transmission electron microscopy images from Cu-Mo of (a) an
ordered grain boundary and (c) a Mo-rich cluster. Fast Fourier transform insets are
sampled across the grain boundary and Mo-rich cluster. Compositional line profile scans
are given across the (b) grain boundary and (d) Mo-rich cluster. The yellow lines in (a) and
(c) give the scan locations, with the grain boundary (GB) and cluster location marked on the
line profiles in (b) and (d) respectively.

The efficacy of dopant segregation in stabilizing grain size was particularly evident in the
Cu-Zr, Cu-Hf, and Cu-Mo films, which remained nanocrystalline despite processing efforts to

increase the grain size for easier TEM inspection. Such grain size stability, at temperatures as high

as 0.92Tsoliqus, has been documented for Cu-Zr [74] but is a new observation for the Cu-Hf and
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Cu-Mo systems. While stabilization through doping has been reported in systems such as Ni-W
[50], Hf-Ti [116], and W-Ti [20], the annealing temperatures used were significantly lower than
0.90Tmeiting in these studies. Darling et al. [51] did report on a very stable nanocrystalline Fe-Zr
alloy, with the stability attributed to Zr segregation. In the case of Cu-Zr and Cu-Hf shown here,
it appears that stability at high temperatures is aided by AIF formation, since these features are the
lowest energy structures available at such high temperatures and therefore fit into the
thermodynamic theories of stabilization.

On the other hand, the Cu-Mo system is stabilized by a combination of grain boundary
segregation as well as the presence of small precipitates, meaning both thermodynamic and kinetic
stabilization are active. The kinetic contribution comes from Zener pinning caused by the dopant
clusters [35, 52, 103, 117]. Clustering of Mo and the eventual precipitation of a second phase in
a Cu-rich alloy has been previously reported due to the immiscibility of the added dopant [48, 103,
104, 106]. Similar behavior has been observed in Cu-Ta, an alloy system that also has a positive
AH™*and experiences dopant segregation [35, 47]. Finally the Cu-Nb alloy does not appear to be
adequately stabilized, even though Nb segregates to the grain boundaries and precipitates do form.
Kapoor et al. [103] also reported grain growth in Cu-Nb where the grain growth behavior was
dependent on the Nb concentration, with lower percentages promoting grain growth. It is also
possible that the larger size of the precipitates (tens of nm in diameter for Cu-Nb versus only a few
nm in diameter for Cu-Mo) is responsible for the lack of stability, as a uniform distribution of
many fine particles smaller than the critical precipitate radius is best for reducing grain boundary
motion [118].

In summary, Cu-Zr and Cu-Hf both contained nanoscale AlFs after being quenched from

a high annealing temperature, showing that a negative AH™* and a large atomic radius mismatch
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promote such features. As hypothesized in our design rules, it is also clear that a two component
alloy is sufficient for stabilizing AIFs. The difference between AlIFs (requires two elements) and
BMGs (usually have three or more elements) can perhaps be attributed to the different length scales
over which an amorphous structure must be stable. AIlFs only require disorder of a nanoscale
region, while BMGs require disorder that extends over mm length scales. This suggests that
compositions that can sustain AlFs should be more plentiful than those which can be used for
BMGs.

Cu-Nb and Cu-Mo both have positive 4H™* values, but these two alloys are differentiated
by one key materials selection metric: the atomic radius mismatch. Cu-Nb has an atomic radius
mismatch of 14% while Cu-Mo has a mismatch of 8.6%. Cu-Mo therefore achieves neither of the
criteria needed to sustain an amorphous film and only has ordered grain boundaries as expected.
Despite Cu-Nb satisfying one of the empirical rules for BMG formation, this alloy only exhibited
ordered grain boundaries structures. When only looking at the results from our Cu-rich alloys, it
is impossible to confirm whether both a negative enthalpy of mixing and a large atomic size
mismatch are needed, or whether the negative enthalpy of mixing criteria is enough to predict AIF
formation with atomic size being a secondary consideration. However, a detailed discussion of

the available literature in the next section can clarify this point.

2.3.3 Extension of Materials Selection Rules to New Alloys

To make a final determination of our materials selection rules, it is necessary to examine a
larger collection of literature reports. Table 2.4 shows a summary of binary metallic alloys that
have exhibited behaviors which can be attributed to complexion formation. The longstanding

mystery of grain boundary embrittlement has recently been solved and attributed to ordered
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complexions in Ni-Bi [64], Cu-Bi [63], and Al-Ga [65] . These alloy systems have a positive
AH™ and therefore ordered complexions would be predicted, which agrees with experimental
observations. Solid state activated sintering is typically attributed to the presence of AlFs and has
been observed for certain Mo-rich and W-rich alloys [84, 95]. Inspection of Table 2.4 shows that
all of the alloys which experience activated sintering, and therefore likely contain AlFs, have
negative 4H™* values, but some of these materials do not have large atomic size mismatches (one
of the empirical rules to enhance glass forming ability). This observation shows that the primary
variable that increases the propensity for nanoscale AIF formation is a negative AH™*, with a large
atomic size mismatch perhaps being a secondary consideration. In contrast, activated sintering
was not observed for W-Cu [84], which agrees with our prediction that only ordered boundaries

would be present due to the positive AH™* of the system.
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Atomic
Eﬁmix Dopant | AH%9 | AH™X Ml?sr(rj\;lf[(s:h Observed Behavior C&Tﬂfg'rgn
(%)
Ni Bi + + * GB embrittlement [64] Ordered
Cu Bi + + * GB embrittlement [63] Ordered
Al Ga + + * GB embrittlement [65] Ordered
Mo Fe + - 10 Activated sintering [95] AlF
Mo Co + - 11 Activated sintering [95] AlF
Mo Ni + - 12 Activated sintering [95] AlF
Mo Rh + - 4 Activated sintering [95] AlF
Mo Pd + - 2 Activated sintering [95] AlF
Mo Pt + - <1l Activated sintering [95] AlF
W Co + - 11 Activated sintering [84] AlF
W Ni N B 12 Activated Ssaifsritering [84, AIE
wW Ru + - 4 Activated sintering [95] AlF
W Rh + - 4 Activated sintering [95] AlF
wW Pd + - 2 Activated sintering [84] AlF
wW Pt + - <1l Activated sintering [95] AlF
W Cu + + 9 No activa['cgej]sintering Ordered

Table 2.4. Additional binary alloys that have exhibited behavior that can be potentially
attributed to amorphous intergranular film formation. All of the alloys have a positive A H>9,
meaning dopant segregation to the grain boundary is energetically favorable. Ni-Bi, Cu-Bi
and Al-Ga have a positive AH™*, which predicts an ordered grain boundary structure
(confirmed experimentally) and has been attributed to boundary embrittlement. The Mo
and W alloys (except W-Cu) have negative AH™* and experience solid-state activated
sintering, behavior which has been attributed to AIFs. In contrast, activated sintering has
not been observed for W-Cu, which aligns with the positive AH™* and ordered grain
boundaries predicted for these systems. The atomic radius mismatch values calculated using
the metallic bonding radii are also under 12% for many of the alloys that experience
activated sintering and have AlFs, providing further confirmation that this parameter plays
a secondary role in encouraging AIF formation. Those alloys with a (*) have potentially
directional bonding which may influence the atomic radius mismatch calculation.

Inspection of the grain boundary structures in various Cu-rich alloys, as well as a critical
review of literature data, allows us to finalize our materials selection rules. A positive 4AH*? leads

to dopant segregation while a negative AH™* plus a large atomic size mismatch promotes AlF
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formation, where a large atomic size mismatch may play a secondary role. To further show the
utility of these rules, we next move to make and then test a prediction for Ni-rich systems. Ni-Zr
is particularly promising, as it adheres to all selection criteria (see Table 2.2). Ni-Zr has
demonstrated good glass forming ability and also experiences deep eutectics, similar to the Cu-Zr
and Cu-Hf systems [119]. Ni-Zr has a positive AH*9 [39], a negative AH™* [120], and an atomic
radius mismatch of 29%. A Ni-5.5 at.% Zr alloy was deposited under similar sputtering conditions,
with deposition details presented in Table 2.1. All annealing treatments followed those presented
in the Methods section.

Figure 2.7(a) shows a BF TEM image of the Ni-Zr alloy after the various heat treatments.
The inset gives the SAED pattern, with the Ni fcc rings being clearly visible and no other phases
detected. Again, despite concerted efforts to induced grain coarsening, the average grain size
remained in the nanocrystalline range at 41 nm. The EDS elemental map in Figure 2.7(b)
highlights the segregation of the Zr dopant to the grain boundaries, confirming the positive A4H**
of the system. Figure 2.8(a) shows an HRTEM image of a 3 nm thick AIF in the Ni-Zr alloy, with
Figure 2.8(b) displaying the accompanying EDS line profile scan for this interface. The line profile
confirms the elevated Zr concentration in the AIF, reaching a maximum concentration of 21 at.%
Zr and dropping back down once inside the grains. While this local percentage is in range for
intermetallic formation according to the Ni-Zr phase diagram, no second phases were detected in
the SAED pattern. The FFT images confirm the crystalline nature of the two grains and the
amorphous nature of the intergranular film. Similar to the Cu-Zr and Cu-Hf systems, the thickness
of the AIFs in Ni-Zr were always constant along a given grain boundary, pointing toward
thermodynamic equilibrium of the film. Ultimately, the Ni-Zr system matched with the prediction

that AlFs will form.
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Figure 2.7. (a) Bright field transmission electron microscopy image of Ni-Zr after completion
of all heat treatment steps, with an electron diffraction inset. (b) shows associated
compositional mapping of the heat treated Ni-Zr with Zr denoted by pink.
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Figure 2.8. High resolution transmission electron microscopy image of (a) an amorphous
intergranular film in Ni-Zr with fast Fourier transform insets sampled across the boundary
structure. The compositional line profile scan across the amorphous intergranular film is
shown (b). The yellow line in (a) gives the scan location, with the grain boundary (GB)
location marked on the line profile in (b).
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Our simple materials selection rules can also be used to make predictions for a wide variety
of alloy systems. Using the 4F**9 modeling estimations from Murdoch and Schuh [39] in
conjunction with AH™* calculated values from Atwater and Darling [107], we present a range of
predictions in Table 2.5 for numerous binary metallic alloy combinations. Blue squares in this
table have a positive AH*9 and a negative AH™*, and are thus predicted to be possible nanoscale
AIF formers. Red squares have a positive 4H%9 and a positive AH™*, and are thus predicted to
have dopant segregation but only form ordered complexions. Gray squares have a negative AH**
and are therefore predicted to have dopant depletion at the interfaces (i.e., dopants prefer to be
located inside of the grains). Black squares indicate self-doping (e.g., Al in an Al lattice) or lack
of available data to make a prediction. Other sources were also used to further confirm the enthalpy
parameter values where applicable [35, 42, 95, 121-123]. It is worth noting that we do not
explicitly treat any competition for dopants from second phase formation here, which can add an
additional complication. It is possible that the magnitude of AH™* may also be practically
important, since very negative values may lead to intermetallic formation that removes dopants
from the grain boundaries. Alloys with known ability to form metallic glasses are also particularly
promising targets for AlFs and can be used to pinpoint some alloys with great potential. For
example, Fe-Ti, Co-Nb, and Ni-Nb have demonstrated good glass forming ability [124, 125] as
well as positive 4H*%9 and negative 4H™* values, and thus are excellent candidates to form

nanoscale AlFs.
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Dopant
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Table 2.5. Binary transition metal alloys evaluated for nanoscale AIF formation. Blue
squares denote a positive AH*9 and a negative AH™*, and are thus predicted to be possible
AIF formers. Red squares have a positive AH*9 and a positive AH™* and are thus predicted
to have dopant segregation and ordered complexions. Gray squares with an “X” have a
negative AH*9 and are predicted to have dopant depletion at the grain boundary. Black
squares indicate self-doping or lack of available data to make a prediction. A dot indicates
the alloy has an atomic radius mismatch greater than 12%. The modeling calculation values
for AH*9 are gathered from Murdoch and Schuh [39], while AH™* values are gathered from
Atwater and Darling [107].

It is worth noting that the predictive potential of Table 2.5 is only as good as the data used
to find the thermodynamic parameters. We use the work of Murdoch and Schuh [39] and Atwater
and Darling [107] because these are the most complete databases available, but these are not
infallible. For example, the 4F**9 modeling estimations for Cu-Nb and Cu-Mo indicate dopant

depletion at the grain boundary, which contradicts the experimental data collected here for these
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alloys. Thus, any interest in a particular system is best served by the accurate calculation or

measurement of the AH*9 and 4H™ for that exact alloy.

2.4 Conclusion

In this study, a variety of binary Cu-rich alloys and their respective grain boundary
structures were evaluated in order to define a relationship between material parameters and the
ability to sustain nanoscale AlIFs. Four alloys encompassing a range of parameter combinations
(Cu-Zr, Cu-Hf, Cu-Nb, and Cu-Mo) were created using sputter deposition and processed to
encourage dopant segregation to grain boundaries and grain boundary structure transformation.
Analysis of the results from these alloys revealed a pattern of materials selection criteria to predict
grain boundary composition and structure. These criteria were then applied to predict and confirm
nanoscale AlIF formation in Ni-Zr, as well as make predictions for a number of binary transition
alloy combinations. The following specific conclusions can be made:

o AH*9and 4H™ were found to be the primary determining factors behind the complexion
type formed. Other factors that contribute to BMG stability, such as atomic radius
mismatch and the usage of three or more elements are secondary at best and require further
research to understand their role in AIF formation.

e A positive 4H*9 coupled with a negative AH™ promotes nanoscale AIF formation in
polycrystalline binary metallic alloys. These AlFs were readily observed in Cu-Zr, Cu-Hf;,
and Ni-Zr.

e A positive 4H*®9 coupled with a positive 4H™* promotes ordered grain boundary
complexions, where there is also the potential for dopant clustering and phase separation
in this scenario. Cu-Nb and Cu-Mo demonstrated doped yet ordered grain boundary

structures.
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The key conclusion emerging from this study is the development of general materials selection
rules for nanoscale AIF formation. Complexion type is determined by the presence of the required
dopant element at the grain boundary and the ability of the grain boundary to assume the desired
amorphous or crystalline structure. These findings can be leveraged to avoid undesirable material
behaviors such as grain boundary embrittlement, and to realize improvements to material behavior

such as increased damage tolerance, ductility, and accelerated diffusion.
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Chapter 3: Amorphous Complexions Enable a New Region of High
Temperature Stability in Nanocrystalline Ni-W

The contents of this chapter have been previously published as [126] J.D. Schuler, O.K.
Donaldson, T.J. Rupert, Amorphous complexions enable a new region of high temperature
stability in nanocrystalline Ni-W, Scripta Mater. 154 (2018) 49.
3.1 Introduction

Based on the materials selection rules introduced in Chapter 2, Ni-W would be expected to
form AlIFs at sufficiently high temperatures, with 47%9 = 10 kJ/mol and 4H™* = -3 kJ/mol [42].
This alloy system has been studied extensively in the past, with the unique feature that the grain
size can be tailored during electrodeposition by controlling the reverse pulse current and, therefore,
the W content [127, 128]. Prior work has shown that nanocrystalline Ni-W remains stable up to
~500 °C, primarily due to W grain boundary segregation [50]. However at higher temperatures
Ni-W alloys have been observed to undergo rapid grain growth. Because of this rapid grain
growth, most studies of thermal stability only extend to temperatures up to ~900 °C (see, e.g.,
[50]). While it appears that solute segregation-enabled stabilization breaks down by these
temperatures, 900 °C is only ~60% of the melting temperature, meaning it is roughly at the lower
limit of potential AIF formation. While AlFs have not been observed in Ni-W to date, we suggest
that most studies have not gone to high enough temperatures. Moreover, very rapid quenching
would be needed to freeze these features into the microstructure. Thus, we hypothesize that AlIFs
will form in Ni-W at sufficiently high temperatures, with the secondary hypothesis that these
complexions will impact grain growth at these elevated temperatures. In this paper, the grain
boundary composition and structure, as well as the grain growth behavior of nanocrystalline Ni-
W, was analyzed at temperatures as high as 1200 °C. We find that Ni-W is indeed capable of
sustaining AlFs, with these features observed above ~1000 °C. The AIF formation also creates a

new region of high temperature grain size stability that had not been previously observed.
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3.2 Material and Methods

20 um thick nanocrystalline Ni-W films with 5-6 at.% W were created using the pulsed
electrodeposition technique described by Detor and Schuh [128]. Deposition was performed on a
>98 wt.% pure Ni substrate which had been mechanically polished to a mirror finish using a
diamond suspension prior to deposition. A plating solution consisting of sodium citrate,
ammonium chloride, nickel sulfate, sodium tungstate and sodium bromide was heated to a
temperature of 75 °C. Cycles of forward current density at 0.20 A/cm? for 20 ms, and reverse
current density at 0.20 A/cm? for 3 ms were applied between the Ni substrate and a commercially
pure Pt mesh, the insoluble counter-electrode, for 1 h. The samples were encapsulated under
vacuum in high purity quartz tubes, suspended in a vertically-oriented tube furnace during
annealing, and then plunged into a water bath in under 1 s for quenching. The samples underwent
rapid quenching to preserve any thermodynamically-stable states that are only accessible at
elevated temperatures.

X-ray diffraction (XRD) was performed using a Rigaku SmartLab X-ray Diffractometer
operated at 40 kV and 44 mA with a Cu Ka source. Profiles were analyzed using the Rigaku
PDXL2 software, with grain sizes determined using the Scherrer equation on the (111) peak.
Transmission electron microscopy (TEM) samples were created using the focused ion beam (FIB)
lift-out technique on an FEI Quanta 3D FEG Dual Beam and FEI Nova 600 scanning electron
microscope (SEM)/FIB. To reduce ion beam damage, all TEM samples received a final polish
with a low power 5 kV beam. The global film composition was verified in the SEM using energy
dispersive X-ray spectroscopy (EDS) operating at 30 KV. Grain boundary compositional analysis
was performed in a JEOL 2800 TEM at 200 kV and FEI Tecnai G(2) F30 S-Twin at 300k V using

EDS in conjunction with scanning, bright field, and high resolution TEM to inspect the grain size
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and grain boundary structure. Phase identification was gathered under the same conditions using
selected area electron diffraction (SAED). Grain size was calculated from bright field TEM
images by measuring the areas of at least 50 grains and calculating the average equivalent circular
diameter. Fresnel fringe imaging was used to identify interfacial films and ensure edge-on

orientation of the grain boundaries during imaging [94].

3.3 Results and Discussion

First, a Ni-5 at.% W sample was annealed at 650 °C for 24 h, with the goal of coarsening the
microstructure so that TEM samples only had one grain through the thickness, to allow for easy
viewing of grain boundary structure. The sample was then heated to 1100 °C (~73% Tmetting fOr
Ni-5 at.% W) for 10 min and then quenched. The grain structure is shown in bright field TEM
images in Figures 3.1(a) and (b), where equiaxed grains are observed. No precipitates or second
phases were detected in the film (Figure 3.1(c)). This is in agreement with the bulk Ni-W phase
diagram, which predicts solid solution for compositions up to ~10 at.% W [129], even at high
temperatures. The microstructure was further inspected using high resolution TEM and scanning
TEM (STEM)-EDS to analyze the grain boundary structure and composition. Multiple AlFs with
an average thickness of approximately 1 nm are shown in Figure 3.2. In Figure 3.2(c), the image
has been digitally enhanced using a fast Fourier transform bandpass filter to smooth background
variations down to 2 nm, so as not to disturb the presentation of the grain boundary structure. Itis
important to note that the AIF thicknesses are all constant along the length of the interface, which
is indicative of nanoscale intergranular films in equilibrium at the grain boundary. In contrast,
wetting films tend to be much thicker and have an arbitrary thickness that is dependent on the

amount of available liquid phase [56, 80]. Moreover, the annealing temperature is below the
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lowest eutectic on the Ni-W phase diagram, meaning it would be impossible for the grain boundary

structure to come from a liquid phase.

Figure 3.1. Bright field transmission electron microscopy images of nanocrystalline Ni-5
at.% W after a 24 h anneal at 650 °C and then a 10 min anneal at 1100 °C. (a) shows the
overall film microstructure, while (b) shows a magnified image where equiaxed grains are
observed. (c) The selected area electron diffraction pattern shows that only face centered

cubic (fcc) Ni rings are present.
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Figure 3.2. High resolution transmission electron microscopy images of ~ 1 nm thick
amorphous intergranular films in the Ni-5 at.% W alloy after quenching from 1100 °C, with
multiple examples shown in (a)-(c).

The EDS line scan across a grain boundary in Figure 3.3(b) with the associated STEM image
in Figure 3.3(a) shows increased W composition at the grain boundary compared to the crystalline
interior. While absolute EDS compositional values are subject to spatial averaging due to the beam
interaction volume, W segregation is clearly observed. Only moderate W segregation is observed,
which agrees with prior research where W was observed to be a weak segregator due to the

significant solid solubility of W in Ni [50, 128]. The sample had an average grain size of 174 +
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54 nm, as shown in Figure 3.1(a) and (b). The large volume fraction of grain boundaries,
approximately 1-2% [5], due to the grain size accommodates an elevated percentage of W dopant
as reflected by Figure 3.3(b). While the grain interior composition is lower than 5 at.%, the
significant volume of W-enriched grain boundaries accounts for the higher global average. If only
the initial 650 °C annealing treatment is considered, our measured grain size would agree well
with prior Ni-W annealing studies [50]. However, the primary differentiator here is the additional
1100 °C annealing treatment, which would be expected to cause rampant grain growth well beyond
the measured value if trends from prior work were extrapolated. The absence of this rampant grain
growth at very high temperature suggests that stabilization by AIFs may be occurring. To test this
hypothesis, a detailed grain growth study was performed over a wide temperature range, going to

higher temperatures than have previously been studied.
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Figure 3.3. (a) Scanning transmission electron microscopy image of the Ni-5 at.% W alloy
that was quenched from 1100 °C, with the associated bright field image shown in the inset.
Red arrows in the scanning and bright field transmission electron microscopy images
identify the boundary of interest, while the yellow line in (a) shows the scan location. (b) W
concentration data demonstrates that W segregation occurs at the boundary.
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A second set of similar Ni-W films were created with an initial average grain size of 35 + 4
nm and a composition of 6 at.% W. Separate pieces of the film were then each subjected to 1 h
annealing treatments at temperatures ranging from 200-1200 °C by inserting the sample at
temperature followed by rapid quenching, with the resulting grain sizes plotted in Figure 3.4.
Initially, negligible grain growth is observed up to ~600 °C, consistent with solute segregation
serving as the primary stabilization factor to hinder grain growth [39, 49]. Annealing to 900 °C
resulted in a 3-fold increase in the grain size, again consistent with previous observations [50, 130,
131]. However, the behavior that was observed at even higher temperatures was profoundly
different than would be expected based on previous work. Further annealing to 1100 °C showed
a secondary regime of stabilization with an average grain size of ~55-60 nm, indicating a
significant deviation from expected grain growth trends. Finally, further annealing to 1200 °C

yielded grain growth, with the grain size increasing rapidly.
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Figure 3.4. X-ray diffraction grain size analysis of the Ni- 6 at. %W electrodeposited alloys
after annealing for 1 h at different temperatures. The data shows distinct regions of
stabilization by solute segregation and amorphous intergranular film formation. Rough
trend lines are added to guide the eye and highlight these two regions.

A higher bulk composition that correlates to more segregated dopant can increase complexion
width and prompt ordered-to-amorphous structural transitions [59], and also enhance thermal
stability [50]. The Ni-6 at.% W alloy could have slightly thicker and a larger volume fraction of
AIFs with improved nanocrystalline stability compared to 5 at.%, but these differences are
expected to be small. Thermodynamic treatments of complexion formation have suggested that

AIFs become the preferred grain boundary structure after a threshold transition temperature [59,
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132]. For Ni-6 at.% W, we find that this transition temperature is between 900 and 1000 °C (~60-
67% Tmeiting). Interestingly, the formation of AIFs in a Ni film doped with W is similar to
segregation-induced grain boundary premelting that was previously observed in W-1 at.% Ni
[133]. Solid state activated sintering observed in the W-rich system was caused by Ni segregation
to form amorphous grain boundary complexions. In this study, even though W is a weakly
segregating dopant in Ni, it appears that the boundary composition is enriched enough to enable
premelting at some grain boundaries. AIFs have also been observed in Cu-Zr [74], Cu-Hf [75],
Ni-Zr [75] and Mo-Ni [134] binary alloys, all of which have a negative 4H™* [107] and exhibit
dopant segregation, corresponding to the general AIF material selection guidelines put forth by
Schuler and Rupert [75]. In addition, AlFs have been observed in materials made by a wide variety
of processing routes, having been observed in sputtered [75], ball-milled [74], and sintered [135]
materials. AIF formation is therefore a general phenomenon that can occur in a wide range of
materials, including Ni-W where such features had not been observed previously. We suggest that
AlFs have not been seen in prior works on Ni-W because either (1) heat treatments were not
performed at high enough temperatures, (2) rapid quenching was not performed, or (3) detailed

characterization of grain boundary structure was not performed.

3.4 Conclusion

In summary, electrodeposited Ni-W samples were analyzed to test the hypothesis that AlFs
could form in this system. The Ni-5 at.% W sample demonstrated solute segregation and AlF
formation, as well as a lack of dramatic grain growth even after annealing at 1100 °C. A similar
sample set (electrodeposited Ni-6 at. % W), was annealed for 1 h at various temperatures up to
1200 °C, followed by rapid quenching, and two regions of grain size stabilization were observed.

The first region coincides with solute segregation-enabled nanocrystalline stability which
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eventually transitions to grain growth, which has been reported on extensively in past work. Upon
reaching temperatures sufficient for AIF formation, a second, unexpected region of nanocrystalline
stability is observed. The observation that nanocrystalline Ni-W has smaller grain sizes at higher
temperatures disrupts conventional thinking on thermal stability. Ultimately, this study indicates
that it is possible to stabilize nanocrystalline grains at temperatures higher than previously

expected through a new method that utilizes AlFs.
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Chapter 4: In Situ High-Cycle Fatigue Reveals the Importance of Grain
Boundary Structure in Nanocrystalline Cu-Zr

The contents of this chapter have been previously published as[136] J.D. Schuler, C.M. Barr, N.M.
Heckman, G. Copeland, B.L. Boyce, K. Hattar, T.J. Rupert, In situ high-cycle fatigue reveals
importance of grain boundary structure in nanocrystalline Cu-Zr, JOM 71(4) (2019) 1221.
4.1 Introduction

While nanocrystalline metals, defined as having an average grain size less than 100 nm,
have excellent structural properties such as high strength [137], hardness [138], and wear
resistance [12], these properties are challenged by the most widespread mechanical failure: fatigue
[139]. Nanocrystalline metals can usually achieve longer overall fatigue lifetimes compared to
coarse-grained counterparts [140], but their weakness is limited resistance to crack growth and
hence rapid failure following crack nucleation [141]. Fatigue lifetime in the high-cycle, low-
amplitude regime can be considered in two stages as (1) crack initiation, followed by (2) crack
propagation until sudden failure. Crack initiation in nanocrystalline metals has been shown to be
preceded by abnormal grain growth and slip protrusions [142-144], whereas coarse-grained metal
crack initiation relies primarily on persistent slip band activity [145]. Once initiated, cracks
propagate through combinations of plasticity and interior crack formation that are dependent on
the loading conditions and grain size [2, 146], driven by mechanisms such as dislocation nucleation
and motion [147], deformation twinning [148], grain boundary migration [149], grain boundary
sliding [150, 151], cooperative grain rotation [152], and cavitation [147]. Crack propagation in
coarse-grained metals is resisted by tortuosity, plasticity, and roughness-induced crack closure,
but these mechanisms all become suppressed with decreasing grain size [146].

Complexions are defined as thermodynamically-stable grain boundary features that can
assume a range of ordered or disordered structures [56], where the disordered version with an

equilibrium thickness is called an amorphous intergranular film (AIF). Nanocrystalline grain sizes
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can potentially offer new opportunities by leveraging their associated large grain boundary volume
fraction [5] through complexions. Nanocrystalline Cu-Zr alloys with AlFs have both increased
strength and ductility compared to the same alloy with only conventional, ordered grain boundaries
[66]. AIFs increase ductility and damage tolerance by diffusing the local strain concentrations at
the grain boundary caused by dislocation absorption, which results in slower crack nucleation and
growth [66, 68]. To date, this behavior has only been studied under monotonic loading scenarios,
but it is hypothesized that a similar mechanism may also allow for improved fatigue behavior.

In this study, in situ transmission electron microscopy (TEM) fatigue was performed on
nanocrystalline Cu-1 at.% Zr thin films processed to have either only ordered grain boundaries
(“ordered grain boundary sample”) or to contain AIFs scattered throughout the grain boundary
network (“AlIF-containing sample”). Microstructural analysis during crack initiation and
propagation reveals grain growth at crack initiation with unstable crack growth and extensive
nanocracking in the ordered grain boundary sample, whereas the AlF-containing sample had no
grain growth at crack initiation with stable crack growth and distributed plasticity. Both samples
were extrinsically toughened through grain bridging, while the more ductile AIF sample was also
toughened intrinsically through crack tip plasticity mechanisms. By tuning grain boundary
structure and composition, traditional extrinsic and intrinsic fatigue toughening mechanisms can

be applied to resist crack propagation in nanocrystalline metals.

4.2 Materials and Methods

Cu-1 at.% Zr thin films were produced with magnetron co-sputtering using an Ar plasma
with a Kurt J. Lesker Lab 18 modular thin film deposition system. The films were deposited at
room temperature using 400 W for Cu and 46 W for Zr at 12 mTorr onto polished salt substrates.

The films were then floated onto Protochips, Inc. Fusion heating chips through dissolution of the
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salt substrate in a solution of water and isopropyl alcohol. Additional details describing the film
deposition and sample preparation are provided in Appendix B.1. The films were annealed under
vacuum using an Aduro double tilt heating holder in an FEI Tecnai G(2) F30 S-Twin 300 kV TEM.
The samples were subjected to different heat treatments on separate heating chips in order to create
the ordered grain boundary or AlF-containing samples. First, both samples were heated from 25
to 850 °C over the course of 1 h (ramp rate of 0.23 °C/s) and then held at 850 °C for 1 h. AlFs
have been previously observed in ball-milled Cu-Zr alloys that were annealed at this temperature
[74]. After the 1 h anneal, one sample was slowly cooled over the course of 600 s to 25 °C (cool-
down rate of 1.4 °C/s) to create the ordered grain boundary sample. The AIF structure is only
stable at high temperatures where grain boundary pre-melting occurs, so the slow cooling
treatment allows these features to crystallize and form the typical ordered grain boundary structure.
Alternatively, another sample was quickly cooled in <1 s by turning off the applied electrical
current, which rapidly removes the heating input. Since the remainder of the heating chip is much
larger than the sample itself, the specimen rapidly cools and “freezes” in any boundary structures
that were stable at high temperatures (AlFs for these alloys) [153]. This rapid cooling step is
analogous to quenching of powder samples that was used previously for ball-milled Cu-Zr [74].
Similar rapid quenching to freeze in an amorphous structure has also been used to create
monatomic metallic glasses [154]. Bright field TEM, high resolution TEM, selected area electron
diffraction (SAED), and scanning TEM energy-dispersive X-ray spectroscopy (STEM-EDS) were
performed with a JEOL 2800 and JEOL 2100 operated at 200 kV. A film thickness of 51 £ 6 nm
was measured for the as-deposited sample through electron energy loss spectroscopy (EELS) at

300 kV in a JEOL Grand ARM300CF, with additional EELS measurement details in Appendix
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B.2. Awverage grain sizes were calculated from bright field TEM images by measuring the
equivalent circular diameters of at least 100 grains from each sample.

The in situ TEM fatigue methodology was modeled after a prior study by Bufford et al.
[155]. Electron transparent Single Edge Notched Tension (SENT) [156] specimens were prepared
from the annealed thin films using a focused ion beam (FIB) lift-out technique with an FEI Nova
600 Nanolab FIB scanning electron microscope (SEM), where efforts were made to minimize
inadvertent Pt deposition and FIB damage over the gauge area, both of which can impact
mechanical behavior [157]. These specimens were then placed on push-to-pull (PTP) devices from
the Bruker Corporation for testing. Additional details regarding mechanical testing sample
preparation are provided in Appendix B.1. The PTP devices were actuated with a Bruker Pl 95
TEM Picolndenter holder in a JEOL 2100 operated at 200 kV at Sandia National Laboratories
[158]. Tension-tension open loop fatigue was performed at 100-200 Hz with a staircase loading
regimen [159] consisting of progressively increasing peak loads and amplitudes, with the full
loading conditions provided in Appendix B.3. The loading conditions between the two samples
were identical until final fracture of the AlF-containing sample, with the ordered grain boundary
sample receiving continued progressive loading until fracture. While the final loading conditions
differ between the two samples, our focus was on ensuring that the fatigue crack progressed so
that we could understand the relevant deformation mechanisms for each material. The fatigue tests
were performed with continuous video recording using a 680 nm x 680 nm field of view and an
image capture rate of 15 frames per second in bright field TEM mode that was optimized for
diffraction contrast. Note that during fatigue cycling, TEM images were blurred since the loading
frequency was faster than the frame rate, with approximately 14 cycles captured per frame. In

order to better capture the evolution of each sample, cycling was interrupted by periods of constant
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load where cycling was stopped and the samples partially unloaded to capture clear images. All
bright field TEM images of the fatigue specimen captured from the video have been rotated so

that the loading direction is vertical, and crack propagation is from left to right.

4.3 Results and Discussion

Bright field TEM images of the ordered grain boundary sample and AlF-containing sample
are shown in Figures 4.1(a) and (b), respectively, where the white arrow in Figure 4.1(a) indicates
the loading direction. Figure 4.1(c) shows an SEM image of the sample preparation on the PTP
device using Pt deposition. The brighter contrast over the gauge region indicates that the deposited
thickness of the thin film is sufficiently thin as to be electron transparent. Experimental factors
that are hard to control such as precise sample geometries, notch shape, specimen warp, internal
film stress, changing grain imaging conditions, and imperfect Pt attachment at the gripper region
limit the potential discussion of exact fatigue properties. Even within a given sample, specimen
thickness variations preclude direct interpretation of quantitative data. However, differences in
microstructural mechanisms and behavior during fatigue are investigated and reveal insight as to
how AIFs can contribute to fatigue crack growth resistance. Bright field TEM images of the
ordered grain boundary (Figure 4.1(d)) and AlF-containing (Figure 4.1(e)) samples are shown at
the regions of interest immediately adjacent to the notch where crack initiation and propagation
occurred. Locally thin regions are present in both films, which may be due to the sputter deposition
process [160], grain boundary grooving, or preexisting inhomogeneities. The average grain size
of the ordered grain boundary sample is 43 + 11 nm, while the average grain size of the AlF-
containing sample is 46 £ 14 nm, meaning that only one or possibly two grains are through the
film thickness. A few abnormally large grains at the notch, visible in Figure 4.1, are present prior

to fatigue and are likely due to FIB-induced grain growth from notch creation [161]. The SAED
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pattern insets in Figures 4.1(d) and (e) only have Cu face centered cubic rings, overlaid in blue,
meaning no detectable second phase such as hexagonal close packed Zr or an intermetallic was
observed. The film composition of 0.9 = 0.3 at. % Zr was measured by averaging values across
STEM-EDS line scans. Clear evidence of dopant segregation to the grain boundaries was not
detected unlike previous Cu-Zr experimental studies [74, 75]. However, the solid solubility of
0.12 at.% Zr in Cu coupled with compositions near the EDS resolution lower limits may make
dopant segregation in this study more subtle and difficult to measure than in previous experimental
studies that used higher Zr doping percentages. The high resolution TEM image in Figure 4.1(f)
shows an AIF from the quenched film that was identified through Fresnel fringe imaging [94] in
edge-on conditions. AIF formation is dependent on the grain boundary energy, local chemistry,
and quenching rate, so it does not occur at every grain boundary [56, 66]. Instead, AlF-containing
samples have a distribution of complexion types, including both ordered and disordered grain

boundaries.
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(a) Ordered Grain (b) AIF-Containing

Boundary

Figure 4.1. Bright field transmission electron microscopy (TEM) images of the Cu-1 at.%
Zr films with (a) ordered grain boundaries and (b) amorphous intergranular films (AlFs).
(c) shows scanning electron microscopy image of the fatigue sample preparation on the push-
to-pull device. Bright field TEM images of the region adjacent to the notch (left) are shown
for the (d) ordered grain boundary and (e) AlF-containing samples. The insets in (d) and (e)
show the corresponding electron diffraction patterns with the Cu face-centered cubic rings
superimposed in blue. (f) shows high resolution TEM image showing an AIF from the AlF-
containing sample outlined by dashed red lines.

Analysis of crack initiation, the first stage of fatigue damage, is presented first. Crack
initiation is defined as when a crack ingress has been observed beyond the FIB-created notch. In
both the ordered and AlF-containing samples, the nanoscale fatigue cracks first initiated about one
grain diameter (~20 nm) ahead of the notch, presumably due to the higher stresses ahead of the
notch and/or weaker microstructural features to enable crack initiation. Grain growth preceded
crack initiation in the ordered grain boundary sample, reminiscent of prior nanocrystalline metal

fatigue studies [142-144], but grain growth was absent during crack initiation in the AIlF-
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containing sample. AIFs strongly resist grain growth, so much that even when nanocrystalline
ball-milled Cu-Zr containing AlFs was held at 98% of its solidus temperature for a week, it
remained nanocrystalline [74]. In fact, Schuler et al. [126] even observed a new regime of high
temperature nanocrystalline stability due to AIF formation in Ni-W alloys. The ability of AlFs to
both stabilize the grain size and diffuse local grain boundary strain concentrations may contribute
to the absence of grain coarsening in the AlF-containing sample at fatigue crack nucleation.
Figures 4.2(a)-(f) show crack initiation at the notch marked by the dashed line in the ordered grain
boundary sample with progressive cycling in the loading direction indicated by the white arrow in
Figure 2(a). The number of elapsed cycles is indicated in white at the bottom right of each frame.
The grain denoted by the black arrows in Figures 4.2(a)-(f) more than triples in size from 12 nm
to 41 nm. Although the grain growth is less dramatic than that observed in other nanocrystalline
metal fatigue studies [142, 143, 155], this may be due to the maximum grain size being limited by
the thin film thickness [162]. In the ordered grain boundary sample, black contrast features were
observed to migrate during cyclic loading, particularly across the grains marked by the black and
blue arrows in Figures 4.2(e) and (f). While the defect character was not determined due to the
unknown beam condition and diffraction contrast, the contrast is consistent with dislocation-based
plasticity [148, 160]. The red arrows in Figure 4.2(f) mark competing crack initiation sites where
intergranular cracks have formed. The grain adjacent to the lower interior crack in Figure 4.2(f)
eventually yields, allowing the intergranular crack to connect to the notch and commence crack
propagation. In contrast, the AlF-containing sample shown in Figures 4.2(g)-(l) had distributed
plastic activity evidenced by discrete microstructural contrast changes surrounding the notch
region until an internal crack marked by the red arrow in Figures 4.2(k) and (l) formed at a

microstructural feature. The adjacent grain indicated by the blue arrow in Figures 4.2(k) and (1)
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eventually breaks away, connecting the internal crack to the notch to allow crack propagation.
Such interior crack formation and nanocracking has been previously observed as a primary crack
propagation mechanism in nanocrystalline metals [146, 148, 163], where void formation at grain

boundaries and triple junctions ahead of the main crack contribute to intergranular fracture [164].
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250,000

Figure 4.2. Bright field transmisison electron microscopy images of the (a)-(f) ordered grain
boundary and (g)-(I) amorphous intergranular film (AIF) containing samples that show
crack initiation with progressive cycling, where the number of elasped cycles is indicated in
the bottom right. The dashed lines show the notch. The black arrows in (a)-(f) identify a
grain that grows with cycling and where crack initiation eventually occurs, while the blue
arrows show a competing crack initiation site. The red arrows in (f) indicate intergranular
cracks formed in front of the notch at the competing crack initiation sites. The blue arrows
in (k) and (1) indicate a grain that plastically deforms and yields due to the nucleating crack,
and the red arrows show an interior crack formed in front of the notch. The white arrow in
(a) shows the loading direction.
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Crack propagation, the second stage of fatigue lifetime, is analyzed next. Grain bridging
is defined as when a grain spans the opposing fracture surfaces in the crack wake, dissipating
energy that would have extended the crack tip [165, 166]. A network of nanocracks and grain
bridging events cause unstable crack propagation in the ordered grain boundary sample, whereas
the AlF-containing sample had steady crack propagation punctuated by a series of nanocracks that
ultimately connect to cause failure. Crack progressions captured from video frames are shown in
Figures 4.3(a)-(f) for the ordered grain boundary sample and Figures 4.3(g)-(I) for the AIF-
containing sample, with the number of elapsed cycles in the loading direction indicated in the
bottom right corner of each image. Relative motion of microstructural features in both samples
visible in Figure 4.3 may be due in part to global elongation caused by creep from the extended
time under tension necessary to reach high-cycle fatigue. Similar microstructural shifts were also
observed by Bufford et al. [155] during in situ TEM Cu high-cycle fatigue. The last frames before
failure for the ordered grain boundary sample (Figure 4.3(f)) and AlF-containing sample (Figure
4.3(1)) show the ordered grain boundary sample failing during constant loading between cycling
steps and the AlF-containing sample failing during active fatigue cycling, which causes the image

to be blurry.
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Figure 4.3. Bright field transmission electron microscopy images of the (a)-(f) ordered grain
boundary and (g)-(I) amorphous intergranular film (AlF) containing samples showing crack
propagation with progressive fatigue cycling, where the number of elapsed cycles is indicated
in the bottom right. The white arrow in (a) shows the loading direction. The last frame
before failure is shown in (f) and (I), where the (f) ordered grain boundary sample failed
during constant loading between fatigue cycling and the (I) AlF-containing sample failed
during fatigue cycling, causing the image to be blurry.
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Unlike early fatigue studies in the TEM [167], the recently developed nanoindentation-
based capability permits quantitative measurement of the driving force and crack advance
throughout the fatigue test. From the measured forces and estimates for sample dimensions, it is
possible to calculate approximate values for the plane stress linear elastic stress intensity range
during fatigue loading. After the first 100 nm of propagation, the crack is expected to have escaped
the influence of the ~90 nm notch radius and a rudimentary estimate of the stress intensity factor
for the clamped SENT geometry is possible [168]. The crack tip is defined as the furthest ingress
of the crack. Note that the crack tip could be a nanocrack with bridging grains in its wake [169].
For the AlF-containing specimen at a total crack length of 1.1 um (for notch plus crack length a,
which we note is a definition used only for this exercise, and specimen width W, a/W=0.33), the
10 uN applied force amplitude corresponds to a stress intensity factor range of AK ~ 0.4 MPavm,
well below the macroscopic fatigue threshold for Cu [170]. Direct in situ visual measurements of
total crack length as a function of cycles shown in Figures 4.4(a) and (b) for the ordered grain
boundary and AlF-containing samples respectively enabled a determination of the crack growth
rate, with additional details provided in Appendix B.3. For these conditions, we measure a crack
growth rate of 2x10*2 m/cycle for the AlF-containing sample. Given the yield strength of
approximately 1 GPa [66], the corresponding plane stress monotonic plastic zone size is estimated
to be in the vicinity of 35-65 nm, confirming small-scale yielding and a valid estimate of the plane
stress K. This extremely low crack growth rate is comparable to the value reported previously for
in situ measurements on pure Cu [155] and is a growth rate that is difficult to measure by other
macroscopic test techniques. The low crack growth rate corresponds to a single lattice parameter
of average crack advance every ~200 cycles. Consistent with direct observation, the crack grows

intermittently, arresting and restarting at the atomic scale, in spite of the apparent monotonic
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growth shown in Figure 4.4. The early crack growth rate for the ordered boundary specimen was
even lower at ~5x10"%® m/cycle, in spite of a higher driving force AK ~ 1.2 MPaVm at a crack
length of 1.1 um. Finally, the crack growth accelerates in the ordered grain boundary sample,
consistent with an increasing driving force for propagation as the crack propagated and the loading
conditions increased. In contrast, the AlF-containing sample showed an unexpected constant crack
growth rate in spite of the increasing driving force associated with both a growing crack and
increasing load amplitudes. The growth rate behavior during in situ fatigue loading of metals
warrants further investigation, since the observations reported here are substantially different from

those reported for bulk ultrafine grained Cu [170].
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Figure 4.4. Crack growth beginning at the notch as a function of fatigue cycle for the (a)
ordered grain boundary and (b) amorphous intergranular film (AlIF) containing samples.

66



Plastic activity was identified dynamically through observation in the video in frame by
frame analysis, where moving dislocations and grain boundaries differentiated from bend contours
through their discrete and asynchronous motion [160]. Instances of plastic activity, which may
include dislocation nucleation, dislocation movement, or grain boundary migration, as a function
of distance from the advancing crack tip are shown as heat maps in Figure 4.5(a) for the ordered
grain boundary sample and in Figure 4.5(b) for the AlF-containing sample. In this figure, activity
closest to the crack tip is black and the farthest is white. The background bright field TEM images
show the last clear frame before sudden failure for reference. The load amplitude for all except
the first 160,000 cycles in both samples corresponds to ~50 nm of displacement, causing a 1 to 2
grain ambiguity in the recorded plastic activity locations, corresponding to a ~40-80 nm potential
error in the position measurements. The crack tip coordinates were then found during constant
loading conditions between cycling sets and used to calculate the linear distance from the plastic
event to the crack tip position at the time of occurrence. Cycling steps 44, 45 and 53 for the ordered
grain boundary and 23 for AlF-containing samples, as described in Appendix B.3, were not
analyzed for plastic behavior due to excessive drift. Plastic events were then separated as being in
front of or behind the crack tip, such as at a grain bridge. 75% of the total plastic events in the
ordered grain boundary sample were in front of the crack tip compared to 98% of AlF-containing
sample plastic events, signifying enhanced plasticity preceding the crack tip when AlFs are
present. The heat maps show that plastic activity in front of the crack tip is concentrated along the
path of crack advancement for the ordered grain boundary sample, with localized clusters at the
point of initiation and where a grain bridge eventually occurs. In contrast, plastic activity in the
AlF-containing sample is more evenly distributed and far in front of the crack tip. Figure 4.5(c)

presents the position data from Figures 4.5(a) and (b) as cumulative distributions. One can pick
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an arbitrary distance to understand the difference in the two distributions. For example, 50% of
plastic activity in the ordered grain boundary sample occurred within ~130 nm from the crack tip,
whereas 50% of plastic activity in the AlIF-containing sample occurred within ~300 nm from the
crack tip. Also, plastic activity only extended to ~600 nm from the crack tip in the ordered grain

boundary sample, but reached up to 800 nm away in the AlF-containing sample.

Ordered Grain

--Ordered Grain Boundary

-#-AlF-Containing

200 400 600 800
Distance from Crack Tip (nm)

AIF-Containing

Figure 4.5. Heat maps of the (a) ordered grain boundary and (b) amorphous intergranular
film (AIF) containing samples showing the location of plastic activity identified dynamically
through the video in front of the advancing crack tip. The color gradient shows the distance
of the plastic event from the crack tip at the time of detection, where black is closest and
white is farthest. The backgrounds are bright field transmission electron microscopy images
of the last clear frame before fracture for reference. (c) shows the cumulative distribution
fraction of plastic activity as a function of the distance from the crack tip at the point of
detection. The ordered grain boundary sample data is shown with red circles and the AlF-
containing sample data appears as blue squares.

For the ordered grain boundary sample, very few plastic events were recorded at

nanocracks outside of the main crack, suggesting these features likely formed through sub-critical
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cleavage. Similar events were observed previously for sputtered thin films [160]. The extensive
nanocrack network observed in the ordered grain boundary sample, but not the AlF-containing
sample may be accounted for by the larger distribution of plastic activity in the AlF-containing
sample. AlFs diffuse grain boundary strain, giving grain boundaries with these features a higher
damage tolerance than a comparable ordered grain boundary [68]. The distributed plastic activity
observed in the AlF-containing sample is likely due to AlFs mitigating boundary damage and
allowing observable plastic activity to manifest, whereas the ordered grain boundary sample
succumbed to nanocracking before having observable plastic activity.

The unstable crack propagation in the ordered grain boundary sample propagated through
the formation of nanocracks and grain bridges. The evolution of one such grain bridge with
progressive cycling is shown in Figure 4.6(a) for the ordered grain boundary sample. The red
arrow marks a grain that sustained considerably localized plasticity and has grown across the grain
bridge, serving as the point of eventual detachment. While the AlF-containing sample also had
grain bridging, it was accompanied by significant crack tip plasticity with steady crack
propagation. Bright field TEM images of the AlF-containing sample in Figure 4.6(b) shows a
distinct “V” shape preceding the crack tip, with one example indicated by the red arrows, which
may be a blunted crack or plastic hinge caused by local thinning and deformation from strain fields
ahead of the crack tip [171-173], or movement of material through dislocation emission and
absorption between nearby grain boundaries and the advancing crack tip [2]. The plastic
deformation zone was also confined to the grains located immediately in front of the crack tip,
indicating that possible slip transfer was limited by factors such as grain boundary character, slip

system orientation, and angle of crack deflection [160, 174-177].
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Figure 4.6. Bright field transmission electron microscopy images of the (a) ordered grain
boundary and (b) amorphous intergranular film (AlIF) containing samples showing the
evolution of microstructrual events that occurred in each film during fatigue. A grain
bridging event in the ordered grain boundary sample that sustained substantial plastic
activity is visible in (a), where the grain indicated by the red arrow grew across the bridge
and served as the eventual point of detachment. The plastic deformation zone in front of the
crack tip of the AlIF-containing sample appears in (b), where a distinctive “V” shape
preceding the crack is highlighted by the red arrows.

Next, analysis of the fracture surfaces post failure is presented. Tortuosity can be defined
as the ratio between the total crack length and the distance between the crack starting and ending
points, excluding the notch [178]. Propagation refers to the stage of crack growth after initiation
until the critical length that causes sudden, uncontrolled failure is reached. Failure refers to the
portion of the fracture surface formed after the propagation stage at sudden failure. Saw-toothing

is defined as individual grains that undergo severe local plastic deformation and become ligaments

until finally necking down to a point [148]. Bright field TEM images of the fracture surfaces are
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shown in Figure 4.7 for the ordered grain boundary and AlF-containing samples. The dashed red
lines mark the start of the propagation stage where crack nucleation occurs on the left and the crack
propagates to the right. The solid blue lines mark the end of the propagation stage and the
commencement of sudden failure. The fracture surfaces from the failure stages are shown in
greater detail for the ordered grain boundary and AlF-containing samples in Figures 4.7(c) and (e),
respectively, with the outlines of the fracture surfaces shown in Figures 4.7(d) and (f) to help guide
interpretation.  The crack deflection segment lengths, deflection angles, and tortuosity
measurements from the fracture surfaces for each stage are presented in Table 4.1. The larger
average deflection angle in the failure versus propagation stage for both samples can be attributed
to saw-toothing that was only observed in the failure stage, as shown in Figures 4.7(c) and (e).
The mean deflection lengths are on the same scale as the grain size, with good alignment between
mating surfaces excluding saw-toothed regions [179]. The tortuosity is comparable between all
stages, except the propagation stage in the AlF-containing sample that is significantly smoother
with almost no measurable tortuosity. Fracture modes due to cyclic loading differ from monotonic
loading conditions when crack tip plasticity is appreciable. Since plasticity is largely absent from
brittle materials, the fracture surface morphologies subject to cyclic or monotonic loads will be
similar in classically brittle materials such as ceramics [139]. The difference in tortuosity between
the propagation and failure fracture surfaces observed in the AlF-containing sample are therefore

another sign of enhanced ductility.
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Avg. Deflection Length | Avg. Deflection Angle Tortuosity
(hm ©)

Propagation | Failure | Propagation | Failure | Propagation | Failure
Ordered
Grain 37.7 34.3 68.8 83.3 1.53 1.53
Boundary
AlF-
- 46.2 38.9 58.9 82.2 1.01 1.52
Containing

Table 4.1. Fracture surface analysis of the ordered grain boundary and amorphous
intergranular film (AIF) containing samples from the propagation and failure stages of the
fatigue crack lifetime.

(a) Ordered Grain Boundary ;  AlIF-Containing

Figure 4.7. Bright field transmission electron microscopy images are shown of the (a) ordered
grain boundary and (b) amorphous intergranular film (AIF) containing samples after
fatigue failure. The dashed red lines indicate the point of crack initiation where crack
propagation occurs to the right until reaching the solid blue line, where sudden failure then
commenced. The fracture surfaces are shown in greater detail for the (c) ordered grain
boundary and (e) AlF-containing samples, with outlines of the fracture surface shown for
each sample in (d) and (f).

Toughening mechanisms can be categorized based on where they occur in relation to the
crack tip and the shielding mechanisms. Extrinsic toughening operates behind the crack tip and
lowers the effective force felt by the crack tip. Intrinsic toughening operates in front of the crack

tip primarily through plasticity and normally operates in more ductile materials [139]. Plasticity-
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induced toughening was more extensive in the case of the ordered grain boundary sample —a result
that was indirectly confirmed by the longer stable (subcritical) crack length prior to catastrophic
failure in the ordered grain boundary sample compared to the AlF-containing sample. The effects
of plasticity are also apparent in the propagating crack tip shape, as the ordered grain boundary
sample showed a more open, blunted crack whereas the AlF-containing crack had a narrower crack
profile, and correspondingly lower crack-tip opening displacement (Figure 4.3). This enhanced
plasticity-induced toughening is due, in part, to the 12% lower yield strength of the ordered grain
boundary sample (938 MPa for ordered grain boundaries compared to 1068 MPa for AIF-
containing) [66]. Grain bridging, an extrinsic mechanism, was present in both samples and can
also contribute to improved toughness. Factors such as dopant segregation, grain boundary
character, disordering, and energy state have been found to impact the damage tolerance of a grain
boundary [180-185]. For example, minimizing the number of low-angle grain boundaries and
enhancing twinning improves fracture toughness [180, 186, 187]. Incorporation of these
techniques with extrinsic mechanisms to enhance grain bridging offers pathways to resist crack
propagation in nanocrystalline metals. Alloys with appropriate doping and annealing conditions
that permit AIF formation should utilize the enhanced ductility observed in this study to
intrinsically toughen nanocrystalline alloys and avoid catastrophic, sudden fracture.
Nanocrystalline alloys containing AlFs are also stronger than the same alloy with only ordered
grain boundaries [66, 72, 74], offering a unique combination of ductile crack tip shielding with

strengths even higher than nanocrystalline metal expectations.
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4.4 Conclusion

Cu-1 at.% Zr thin films were thermally processed to have either ordered grain boundaries
or contain AlFs and then subjected to in situ TEM fatigue. A number of observations are made,
with our main findings categorized by fatigue lifetime stage.

1) Crack initiation: The ordered grain boundary sample experienced grain growth and
dislocation activity at the crack initiation site. Nanocracks formed within the ordered grain
boundary sample interior and grew until a bridging grain detached, connecting the internal
nanocrack to the notch to allow the start of crack propagation. The AlF-containing sample had no
grain growth at crack initiation and instead had distributed plastic activity surrounding the notch
region. Similar to the ordered sample, internal cracking occurred until the bridging grain yielded,
connecting the nanocrack to the notch and allowing crack propagation to commence.

2) Propagation: The ordered grain boundary sample demonstrated unsteady, accelerating
crack growth characterized by the formation of an extensive nanocrack network interspersed with
grain bridges. In contrast, the AlF-containing sample experienced steady, constant-rate crack
growth with distributed plastic activity preceding the crack tip. The evenly distributed plastic
activity in the AlF-containing sample indicates that the grain boundaries were better able to
mitigate dislocation damage, whereas the ordered grain boundary sample had extensive
nanocracking and highly localized plasticity.

In summary, the ordered grain boundary sample had highly localized plasticity with
unsteady crack propagation and extensive nanocracking. The AIF sample instead demonstrated
enhanced ductility with steady crack propagation and evenly distributed plastic activity, indicating
that the AIFs diffused grain boundary strain and inhibited boundary fracture. While

nanocrystalline metal grain sizes cause undesirable rapid crack growth during fatigue, the
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associated large volume fraction of grain boundaries may serve as a silver-lining. Extrinsically,
grain bridging coupled with enhanced damage tolerance techniques can increase fatigue toughness
by resisting crack propagation in nanocrystalline metals. Intrinsically, AlFs can diffuse grain
boundary strain concentrations and promote dislocation activity for more stable crack growth. A
simple thermal processing route has been shown to significantly enhance the ductile fatigue
toughness of a nanocrystalline binary alloy suggesting a path forward for nanocrystalline alloys in

fatigue related applications.
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Chapter 5: Amorphous Intergranular Films Improve the Radiation Tolerance
of Nanocrystalline Cu-Zr

5.1 Introduction

Future fission and fusion nuclear reactors will push the limits of current material
capabilities [188-193]. For example, hotter reactor operation temperatures for more efficient
electricity generation are projected to break 1000 °C at the gas outlets of Generation 1V very high-
temperature reactor designs [188, 189, 194]. In addition to high temperature demands, longer
nuclear reactor lifetimes coupled with greater safety and reliability goals necessitate the need for
materials with improved radiation tolerance [192]. Point defects formed during irradiation of
metals consist of vacancies, interstitials, Frenkel pairs, and point defect clusters [195], where these
defects can aggregate into larger structures to achieve lower energy states. Larger defects observed
in face-centered cubic metals with low stacking fault energies include partial dislocations, Frank
loops, perfect dislocations, and three-dimensional defects such as voids, and stacking fault
tetrahedra [195]. Accumulation of radiation damage can eventually cause a multitude of issues
including swelling caused by cavities (voids or bubbles) within a material [196], embrittlement
caused by hardening [197], and irradiation assisted stress corrosion cracking caused by
intergranular cracking [198].

Inclusion of surfaces and interfaces within a material have been shown to aid in defect
recovery by acting as point defect sinks and recombination sites that reduce damage accumulation,
leading to improved radiation tolerance [199-202]. Surfaces are ideal sinks that serve as perfect
interstitial-vacancy recombination sites, a fact utilized by nanoporous metals that have an
extremely large surface-to-volume ratio [199]. For example, nanoporous Au has been shown to
be an unsaturable defect sink within an ideal ligament diameter versus dose rate window where

defect migration to the ligament surface occurs faster than the time between collision cascades
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[199, 203]. The ability of an interface, such as at a grain or phase boundary, to act as a sink is
understood in relation to an ideal sink through the sink efficiency, which is defined as the ratio of
the flux of defects to an interface to the flux of defects to an ideal sink [15].

Interfaces in the form of grain boundaries serve as defect sinks by absorbing interstitials
and facilitating defect recombination through emission of the stored interstitials to vacancies,
annihilating the defect pairs [199, 204]. The sink efficiency of a grain boundary is dependent on
the grain boundary structure in addition to other considerations such as grain size, the presence of
other nearby sinks such as voids or dislocations, the defect recombination rate [195, 205, 206], and
defect in-boundary mobility [207]. Han et al. [206] observed that the void denuded zone width,
an expression of sink efficiency, is dependent on both the grain boundary misorientation and
normal plane in coarse-grained Cu. In addition to void denuded zones, grain boundary structure
also influences impurity segregation, dopant diffusivity, and resistance against grain boundary
sliding, which all in turn impact radiation tolerance [191]. Nanocrystalline metals have shown
excellent radiation tolerance due to their large volume fraction of grain boundaries serving as
defect sinks [5, 208-210], but grain growth during irradiation ultimately degrades this radiation
tolerance due to the concurrent decrease in grain boundary fraction [199, 201, 208]. Additionally,
a scaling breakdown has been observed where grain refinement alone is not sufficient to improve
radiation tolerance [211, 212]. For example, Barr et al. [211] observed no change in defect size or
density in irradiated nanocrystalline Pt with grain sizes ranging from 100 to 20 nm. Since sink
efficiency and radiation tolerance are grain boundary dependent, approaches that can drastically
alter grain boundary structure and chemistry in nanocrystalline metals are desirable [213].

One such approach is through complexions that describe grain boundaries as having phase-

like behavior. Grain boundaries can undergo discrete transitions in structure and composition in
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response to parameters such as temperature, composition, and grain boundary character [56, 59],
and similar to traditional bulk phase transitions, grain boundaries that have undergone complexion
transitions also have significantly changed behaviors. For example, Luo et al. [64] observed that
Bi adsorption onto Ni grain boundaries to form bilayer complexions causes liquid-metal
embrittlement in Ni-Bi compared to grain boundaries without bilayer adsorption. Another type of
complexion is a disordered nanoscale film, also called an amorphous intergranular film (AIF).
AlFs, also considered premelts [135], are amorphous regions at grain boundaries that form
extremely close to the material melting point in order to lower the grain boundary energy, making
AlFs the thermodynamically preferred grain boundary structure at extremely high temperatures
[56, 62, 74]. Since AlFs are athermodynamically preferred state, they serve to increase the thermal
stability of nanocrystalline metals at very high temperatures [74, 126], meaning they may also
combat the key issue of nanocrystalline grain growth during irradiation. While thermodynamic
and kinetic mechanisms such as dopant segregation to the grain boundary [20] and Zener pinning
[34, 35] can stabilize nanocrystalline grain sizes, these mechanisms often break down with
increasing temperature [50, 214, 215]. AlFs not only stabilize a microstructure, but they best do
so at very high temperatures, where for example a new microstructure stabilization regime was
found at approximately 70% of the melting temperature in Ni-W due to AIF formation [126].

In addition to stabilizing the microstructure, AIFs may also improve radiation tolerance.
Using molecular dynamics simulations, Ludy and Rupert [71] observed that AlFs act as ultra-
efficient point defect sinks, able to absorb both interstitials and vacancies due to their excess free
volume that better accommodates vacancies, compared to ordered grain boundaries that prefer
interstitials. Related studies point towards excess free volume at interfaces as beneficial for

radiation tolerance. Extra free volume present at phase boundary interfaces, such as multilayer
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Cu-Nb [201, 216], and Cu-V [201, 217], in the form of constitutional vacancies increases the
solubility of He and minimizes swelling, where more free volume correlates to increased He
trapping and in turn improved radiation tolerance [218-220]. Samaras et al. [221] observed that
free volume within a grain boundary can serve as defect recombination sites. Also, AlFs act as
fast diffusion pathways, a property utilized during solid state activated sintering [62, 222], which
may lead to faster in-boundary defect mobility and annihilation rates [207].

The impact of AIFs on radiation tolerance is evaluated experimentally using
nanocrystalline ball-milled Cu-Zr samples heat treated to either have only ordered grain
boundaries or to contain AlFs distributed throughout the grain boundary network. The samples
were then subjected to in situ transmission electron microscopy (TEM) irradiation and ex situ bulk
irradiation. Differences in the microstructural evolution and total defect cluster area density are
evaluated from the in situ TEM irradiation data, and differences in grain growth as a function of
depth and defect number density are evaluated from the ex situ irradiation data. These results
highlight the importance of grain boundary structural transitions on radiation tolerance, where the
incorporation of AIFs distributed throughout the grain boundary network cumulatively act to

improve the radiation damage tolerance of nanocrystalline Cu-Zr.

5.2 Materials and Methods

AIF formation is promoted in alloys that have dopant segregation to the grain boundary
and a negative enthalpy of mixing [75]. Cu doped with Zr satisfies these criteria, and Cu-Zr has
been shown previously to form AlFs [66, 74]. A Cu-Zr powder composed of 3 at.% Zr was
prepared using mechanical ball-milling in a SPEX SamplePrep 8000M Mixer/Mill to produce
micrometer sized particles composed of nanocrystalline grains. The powders were milled for 10

h using a hardened steel vial and milling media with 2 wt.% stearic acid added as a process control
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agent. Powder samples were then encapsulated under vacuum in high purity quartz tubes, and
annealed at 950 °C (0.98Tsoiiqus Of Cu-3 at.% Zr) for 1 h to achieve Zr dopant segregation and grain
boundary structural transitions to AlFs. The samples were then either slowly cooled over a period
of approximately 5 min or quenched in water in under 1 s. Slowly cooling gives any AlFs formed
during the high temperature treatment sufficient time to return to a crystalline grain boundary
structure, and will be referred to as the ordered grain boundary sample. If instead the sample was
rapidly quenched, thermodynamically stable states accessible at elevated temperatures such as
AlIFs are frozen into a place at room temperature, and will be referred to as the AlF-containing
sample. Since AlFs are only thermodynamically preferred close to the melting point of the
material, AlIFs quenched into place are metastable at room temperature [57, 59, 66]. It is also
important to note that AIFs do not exist at every grain boundary due to heterogeneous distributions
of grain boundary energy, local chemistry, and quench rate [56, 66].

In situ TEM irradiation refers to ion irradiation performed on electron transparent
specimens with concurrent TEM inspection, and ex situ irradiation refers to ion irradiation
performed on a bulk specimens under vacuum in a separate irradiation chamber. Both ordered
grain boundary and AlF-containing samples of the ball-milled Cu-Zr powder were subjected to in
situ TEM and ex situ irradiation using an Au** ion beam generated by a Tandem Van De Graaff
accelerator at Sandia National Laboratories [158]. Estimations of the depth dependent
displacement damage, projected ion beam range, and amount of implanted Au in the irradiated
samples were calculated using the Stopping and Range of lons in Matter (SRIM) 2013 program
[223] with the quick Kinchin-Pease damage estimation method [224], and threshold displacement
energies of 30 eV for Cu and 40 eV for Zr [212]. Flux is defined as the number of ions crossing a

unit area per unit time (ions/cm?s), and fluence is the flux integrated over time to yield the total
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number of ions irradiated into the material over the entire irradiation period (ions/cm?). Damage
accumulation levels due to increasing dose are measured using displacements per atom (dpa), and
dose rate is the damage accumulation per unit time (dpa/s).

In situ TEM irradiation was performed using the I’'TEM JEOL 2100 at Sandia National
Laboratories [158] operating at 200 kV. In situ TEM irradiation video was collected at 15 frames
per second in bright field TEM mode using a 1k x 1k camera. A 2.8 MeV Au** beam was used to
irradiate the samples at a flux of 1.5 x 10! ions/cm?s to a fluence of 4.0 x 10 ions/cm? and
damage level of approximately 7 dpa (dose rate of 2.6 x 10 dpa/s). The ion beam impacted the
in situ TEM samples 60° to the sample surface in order to optimize the coincidence of the electron
and ion beams. Ex situ irradiation was performed on ball-milled particles of the ordered grain
boundary and AlF-containing samples. The particles are hundreds of micrometers thick and
contain thousands of nanocrystalline grains, constituting bulk irradiation conditions. Two
iterations of the ex situ irradiation were performed at 25 °C and 200 °C. A 20 MeV Au*" beam
was used at a flux of 1.1 x 10'? ions/cm?s to a fluence of 2.1x10 ions/cm? and damage level of
approximately 95 dpa (dose rate of 4.8 x 10 dpa/s). The ion beam impacted the bulk samples 90°
to the sample surface. Ex situ irradiation occurred through rastering of a highly focused ion beam
to better ensure accurate fluence calculations over the entire irradiated area. No active cooling
was present during the ex situ irradiations, but any degree of irradiation induced heating will be
equal between the ordered grain boundary and AlF-containing samples since they were irradiated
using the same parameters at the same time. Details of the irradiation experiments are presented

in Table 5.1.
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Beam Max Max
Experiment | Temperature | lon | Power Flux Fluence Projected .
Type (°C) Beam | (MeV) | (ions/cm?s) | (ions/cm?) Range Dose | implanted
(um) (dpa) | Au (at.%)
In situ TEM 25 Au* 2.8 1.5 x 10% 4.0 x 10 NA 7 0.03
Ex situ 25 Au* 20 1.1 x 10?2 2.1 x 10% 2.2 +/-0.3 95 0.3
Ex situ 200 Au* 20 1.1 x 10%2 2.1 x 10% 2.2 +/-0.3 95 0.3

Table 5.1. Details of the in situ transmission electron microscopy and ex situ irradiation
experiments.

All electron transparent samples of the ball-milled Cu-Zr powders for the in situ TEM
irradiations and post ex situ irradiation TEM inspections were made through the focused ion beam
(FIB) lift-out technique for cross-sectional TEM inspection using an FEI Nova 600 Nanolab and
FEI Quanta 3D FEG Scanning Electron Microscope (SEM) with final low voltage polishes to
remove excess FIB damage. Bright field TEM, high resolution TEM, scanning TEM (STEM),
STEM energy dispersive X-ray spectroscopy (STEM-EDS), and selected area electron diffraction
were performed using a JEOL JEM-2100 and JEOL 2800 TEM operating at 200 kV. AIF imaging
was performed with high resolution TEM where Fresnel fringes were used to identify interfacial
films and ensure edge-on orientation of the grain boundaries. STEM-EDS maps were collected
using the Cliff-Lorimer method with no absorbance using a 3 x 3 kernel size. Electron energy loss
spectroscopy (EELS) was performed using a JEOL GrandARM300CF in STEM mode operating
at 300 kV in order to compute the thicknesses of the electron transparent specimens for volumetric
defect area and number density calculations. The thicknesses were calculated using the log-ratio
(absolute) method with a measured convergence semi-angle of 21 mrad, collection semi-angle of
30 mrad, and effective atomic number of 29. The average thicknesses of each electron transparent
sample were measured by finding the average sample thickness from a total measured area of

approximately 12 um? on each lift-out.
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Transmission Kikuchi diffraction (TKD) was performed on the ex situ irradiated samples
using an FEI Quanta 3D FEG SEM-FIB with Kikuchi diffraction patterns collected using an
Oxford Nordlys F+ electron backscatter diffraction detector. TKD was performed following
methods established in previous TKD studies [225-227]. The electron transparent samples were
held at a working distance of approximately 3.5 mm and tilted 20° from horizontal, and the SEM
was operated at 30 kV and 11 nA using a 1 mm aperture with the microscope in its high current
analytical mode. TKD maps and inverse pole figures (IPFs) were collected using a step size of 10
nm in a series of small maps in order to keep scan times short to best minimize drift. Multiple
scans were then combined to create one large scan map for each sample, where each combined
map contained 175,000 to 250,000 points. A minimum grain reconstruction threshold of 2° was
used in TKD data analysis. No other data processing was performed, and the TKD results shown
in this study are comprised of the raw data. Grain size was calculated from bright field TEM
images and verified using the TKD data by measuring the areas of grains and calculating the
average equivalent circular diameter. At least 100 grains were measured from the ordered grain
boundary and AlF-containing samples to measure the average grain size before irradiation.

Additional details regarding the inspection and irradiation methods are presented in Appendix C.

5.3 Results and Discussion
5.3.1 Initial Microstructure and Radiation Conditions

Figure 5.1 shows representative images of the ball-milled Cu-Zr samples after receiving
heat treatments to create the ordered grain boundary and AlF-containing samples. The average
grain size before irradiation was 110 = 34 nm for the ordered grain boundary sample, and 91 + 30
nm for the AlF-containing sample. Figure 5.1(a) shows a bright field TEM image of the AIF-

containing sample microstructure before irradiation. Figure 5.1(b) shows a high resolution TEM
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image of an AIF from the AlF-containing sample, where the dashed red lines highlight the presence
of the AIF along the grain boundary. Figure 5.1(c) shows a dark field STEM image from the AIF-
containing sample, and Figure 5.1(d) shows the associated STEM-EDS map with the distribution
of Zr throughout the microstructure shown in yellow. Zr segregation to the grain boundaries was
present in both samples, with examples indicated by the red arrows. Due to the ball-milling
process, ZrC precipitates are also found within microstructure [74]. The inset in Figure 5.1(a)
shows the associated selected area electron diffraction pattern, where the solid blue lines indicate
the face-centered cubic Cu phase, and the dashed red lines indicate the ZrC phase. The ZrC
precipitates may impact the radiation damage tolerance behavior of the nanocrystalline Cu-Zr
samples since precipitates can both limit grain boundary mobility through pinning [34, 35] and
serve as defect sinks [228, 229]. Both the ordered grain boundary and AlF-containing samples
were sourced from the same ball-milled powder and contained ZrC precipitates, meaning the
impact of ZrC precipitates between the two samples will be the same and divergences in radiation
damage tolerance can be attributed to the presence or absence of AlFs distributed throughout the

grain boundary network.
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Figure 5.1. Microstructural and chemical analysis of the Cu-3 at.% Zr heat treated alloy
before irradiation. (a) shows bright field transmission electron microscopy (BF TEM) image
of the sample containing amorphous intergranular films (AlFs) before irradiation. The inset
shows the associated selected area electron diffraction pattern, where the solid blue lines
indicate the face-centered cubic Cu phase, and the dashed red lines indicate the ZrC phase.
(b) shows high resolution (HR) TEM image of an AIF, where the dashed red lines highlight
the presence of the AIF along the grain boundary. (c) shows dark field scanning transmission
electron microscopy (DF STEM) image and the associated (d) energy dispersive X-ray
spectroscopy map (STEM-EDS), where Zr dopant is indicated with yellow. The red arrows
in (c) and (d) indicate grain boundaries with Zr segregation.

The in situ TEM and ex situ bulk experiments constitute a roughly one order magnitude
difference in radiation conditions. Figure 5.2 shows the estimated damage accumulation level as
a function of cross-sectional depth for each experiment. Figure 5.2(a) shows the in situ TEM
irradiation using a 2.8 MeV Au** beam impacting 60° to the sample surface. The dashed red line
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at 115 nm indicates the average electron transparent sample thickness of the in situ TEM irradiated
samples determined through EELS. The associated red box indicates the approximate electron
transparent sample thickness range subjected to irradiation accounting for a 20 nm standard
deviation of the TEM sample thickness. The projected range of a 2.8 MeV Au** beam irradiated
into Cu-3 at.% Zr impacting 90° to the sample surface is 250 = 60 nm which is well beyond the
average electron transparent sample thickness, but the 60° specimen angle necessary to permit
concurrent TEM inspection may allow some Au implantation to occur, reaching a maximum
possible value of 0.03 at.% Au. Figure 5.2(b) shows similar calculations for the ex situ irradiation
into bulk samples using a 20 MeV Au*" beam impacting 90° to the sample surface. The dashed
yellow line and associated yellow box show the projected beam range of 2.2 = 0.3 um. A
maximum damage level of approximately 95 dpa occurs at a depth of 2 um within the bulk
samples, and approximately 0.3 at.% Au was implanted within the bulk specimen. While Au
implantation may alter local alloy chemistry and impact behavior upon irradiation, both the
ordered grain boundary and AlF-containing samples were subjected to the same degree of Au
implantation during the in situ TEM and ex situ irradiations, meaning divergences in radiation

damage tolerance may again be attributed to differences in the grain boundary structure.
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(a) In Situ TEM Irradiation (b) Ex Situ Irradiation
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Figure 5.2. The estimated damage accumulation levels measured in displacements per atom
(dpa) as a function of cross-sectional depth for the in situ transmission electron microscopy
(TEM) and ex situ irradiations. (a) shows the in situ TEM irradiation profile using a 2.8
MeV Au** beam incident 60° to the sample surface. The dashed red line at 115 nm indicates
the average electron transparent sample thickness of the in situ TEM irradiated samples,
and the associated red box indicates the approximate electron transparent sample thickness
range subjected to irradiation. (b) shows the ex situ bulk sample irradiation profile using a
20 MeV Au** beam incident 90° to the sample surface. The dashed yellow line and associated
yellow box show the projected beam range of 2.2 + 0.3 pm.

The sink efficiencies of different grain boundaries have previously been compared using
denuded zone widths where a larger denuded zone correlates to improved sink efficiency, but
several factors limit this interpretation [230]. For example, the grain boundary structure itself is
dynamic during irradiation [207]. Also, AlFs do not occur at every grain boundary, further
restricting the comparison of individual grain boundaries for sink efficiency and implications on
radiation tolerance. Instead the sink efficiency and radiation tolerance of the entire grain boundary
network is investigated. The microstructural evolution and total defect cluster area density from
the in situ TEM irradiation, and grain growth and defect number density from the ex situ irradiation

are gathered across many grains to evaluate the radiation tolerance of the grain boundary network

as a whole.
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5.3.2 Microstructural Evolution and Total Defect Cluster Area Density from the In Situ TEM
Irradiation

Microstructural evolution during in situ TEM irradiation was analyzed using bright field
TEM images gathered from the in situ TEM video. Three modes of microstructural evolution were
observed. Mode 1 refers to a general change in grain shape without a significant change in area,
which may be due to sample bending or grain boundary mobility. Mode 2 refers to grain growth
indicated by a significant increase in grain area at the expense of a neighboring grain. Mode 3
refers to a significant change in grain contrast due to either sample bending, accumulation of
defects, or grain rotation out of the bright field TEM imaging conditions. Figure 5.3 shows bright
field TEM images captured from the in situ TEM irradiation videos of the ordered grain boundary
and AlF-containing samples. Figures 5.3(a)-(c) show the microstructural evolution of the ordered
grain boundary sample with increasing dose at 1, 3, and 6 dpa respectively, and Figures 5.3(d)-(f)
shows similar images for the AlF-containing sample. Grains indicative of each microstructural
evolution mode are highlighted in red and numbered in accordance with their evolution mode in
Figure 5.3. All three modes of microstructural evolution were observed in the ordered grain
boundary sample, but mode 2 grain growth was not observed in the AlF-containing sample within
the imaged region. This indicates that there was less grain growth in the AlF-containing sample

compared to the ordered grain boundary sample during the in situ TEM irradiation.
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Figure 5.3. Microstructural evolution with increasing dose measured in displacements per
atom (dpa) during in situ transmission electron microscopy (TEM) irradiation. (a)-(c) show
microstructural evolution of the ordered grain boundary sample with increasing dose at 1,
3, and 6 dpa respectively. (d)-(f) show similar images for the sample containing amorphous
intergranular films (AIFs). Three modes of microstructural evolution were observed. Mode
1 refers to a general change in grain shape without a significant change in area. Mode 2
refers to grain growth indicated by a significant increase in grain area at the expense of a
neighboring grain. Mode 3 refers to a significant change in grain contrast. Grains indicative
of each microstructural evolution mode are highlighted in red and numbered in accordance
with their evolution mode.

Determination of defect density, calculated using defect width, area, number, or some
combination thereof, has four notable experimental limitations [231]. The resolution limit of the
imaging technique used curtails measurement of the smallest defects, defects can be lost due to
diffusion to the sample surface, the foil thickness influences perceived defect density, and finally

only a proportion of resolvable defects are seen due to imaging condition constraints. The first

89



three limitations are taken into consideration by using identical TEM inspection conditions
between samples, and by measuring the sample thickness using EELS to normalize the defect
densities by volume. The fourth limitation poses the greatest challenge. Performing traditional
TEM techniques to determine radiation defect nature as described by Jenkins and Kirk [231]
involves sample tilting to precise imaging conditions so that the appropriate coupling of the
diffraction vector (g) and the Burgers vector (b) are met to yield g « b visibility or invisibility
conditions for defect analysis, but this is non-trivial in nanocrystalline metals due to the small grain
size [213]. Accounting for this limitation, defect density from the in situ TEM irradiation is
gathered using the total defect cluster area across many grains instead of measuring the size of
individual defects in order to avoid ambiguities in defect nature and size.

While the exact nature of the defects are not known, previous heavy ion irradiation studies
using Cu, a face-centered cubic material, observed that vacancy and interstitial clusters form
directly within the collision cascade, and then coalesce into point defect clusters, loops,
dislocations, dislocation tangles, cavities, and vacancy-type stacking fault tetrahedra [232, 233].
The addition of Zr solute to Cu decreases the stacking fault energy, and may make stacking fault
tetrahedra easier to form in Cu-Zr than in pure Cu [234]. Irradiation induced defects were isolated
compared to other TEM contrast features such as bend contours through feature movement using
frame by frame video analysis. Irradiation induced defects were identified as discrete dark contrast
features that appeared and evolved asynchronously within a grain, moving in a jerky manner
consistent with defect percolation motion [235, 236]. Total defect cluster areas were measured
from individual grains with visible defects tracked throughout the entire radiation sequence. Total
defect cluster area per volume for each dose level was then calculated by measuring the total defect

area within a grain and dividing by the grain volume. The grain volume was calculated using the
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grain area at each dose level multiplied by the average thickness of the electron transparent sample
measured through EELS. The defect cluster areas from each grain were then summed across all
tracked grains to find the total defect cluster area. The total defect area measurements were done
twice from different grains, using a total of approximately 20 grains from each the ordered grain
boundary and AlF-containing samples.

Figure 5.4 presents the total defect cluster area per volume, hereafter referred to as the
defect area density, measurement method and change with increasing dose gathered using the in
situ TEM irradiation video from 0 to 6 dpa. Defects present at 0 dpa may be due in part to the FIB
sample preparation method. The scale bars in Figures 5.4(a)-(d) are 100 nm. Figures 5.4(a) and
(c) show bright field TEM images of a representative grain from the ordered grain boundary
sample subjected to in situ TEM irradiation at 1 and 2 dpa, with the grain outlined in red. The
radiation induced defects present in each grain are marked in black in Figures 5.4(b) and (d). The
defect area density is then calculated by finding the total area of identified defects in Figures 5.4(b)
and (d) and then dividing by the grain volume, calculated using the sample thickness multiplied
by the respective outlined grain area in Figures 5.4(a) and (c). While extremely thin, the electron
transparent samples still have an average thickness of 115 + 20 nm, or approximately the average
grain diameter. Figure 5.4(e) shows the same grain from Figures 5.4(a) and (c) rotated to
qualitatively show the impact of electron transparent specimen thickness on the measurement of
defect area density. Since bright field TEM images show features in projection, the true shape and
size of the defect may be different than what is viewed in a bright field TEM image, represented
by the solid and dotted lines within the sample. The solid line represents the true defect shape and
size, and the dotted line represents the perceived defect shape and size in the projected bright field

TEM image. Also, parts of a defect may be invisible or tangled if not in appropriate imaging
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conditions. Figure 5.4(f) shows the change in defect area density with increasing dose, where error
bars represent one standard deviation. Due to the measurement methods and imaging limitations,
it cannot be determined if changes in the defect area density are due to differences in individual
defect size or number of defects. It can simply be observed that the ordered grain boundary sample
(blue circles) shows a significant increase in defect area density compared to the AlF-containing
sample (red squares) starting at 4 dpa, remaining through to the end of the radiation sequence. At
6 dpa, the ordered grain boundary sample had approximately 1.5 times the defect area density
compared to the AlF-containing sample.

In Situ TEM Irradiation
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Figure 5.4. The total defect cluster area density with increasing dose measured in
displacements per atom (dpa) from 0 to 6 dpa. The scale bars in (a)-(d) are 100 nm. (a) and
(c) show bright field transmission electron microscopy (TEM) images of a representative
grain from the ordered grain boundary sample subjected to in situ TEM irradiation at 1 and
2 dpa, with the grain boundary outlined in red. (b) and (d) show radiation induced defects
marked in black present in each respective grain. (e) shows the same grain from (a) and (c)
rotated to qualitatively show the impact of electron transparent specimen thickness on the
measurement of defect cluster area, represented by the solid and dashed lines. (f) shows the
change in total defect cluster area per volume with increasing dose for the ordered grain
boundary (blue circles) and amorphous intergranular film (AIF) containing (red squares)
samples. Error bars represent one standard deviation.
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In addition to the defect area density values, the defect generation rates can also be
compared, where the defect generation rate is defined as the change in number of visible defects
with increasing dose. Generally there are four stages during defect accumulation determined
through the defect generation rate. The first stage is defect incubation, marked by a steep, positive
defect accumulation slope. The second stage is defect non-interaction, followed by the third defect
interaction stage, both marked by steadily decreasing yet positive slopes. The fourth stage is defect
saturation where an equilibrium between defect formation and destruction is reached, marked by
a plateau in defect generation [237, 238]. A final recovery stage may also occur, marked by a
negative slope due to decreasing defect density [239]. In the ordered grain boundary sample, the
incubation stage lasted from 0 to 1 dpa with a steep slope of 0.84 pm?/um?3dpa, the defect non-
interaction and interaction stages lasted from 1 to 3 dpa with slightly lower slope of 0.72
pum?/pum3dpa, and the saturation stage lasted from 3 to 6 dpa, with a plateau slope of 0.16
pum?/pm3dpa. In comparison, the AlF-containing sample also had a defect incubation zone from 0
to 1 dpa with a steep slope 1.13 pm?/um3dpa, but after this stage the AIF-containing sample
diverges in behavior from the ordered grain boundary sample. Instead the defect non-interaction
and interaction stages from 1 to 3 dpa had a slope of only 0.16 um?/um3dpa, or 4.5 times smaller
than in the ordered grain boundary sample. The defect generation rate then saturates from 3 to 6
dpa with a plateau slope of 0.02 pum?/pum3dpa, or 8 times smaller than in the ordered grain boundary
sample. This indicates that the defect generation rate is not only significantly lower, but a more
robust defect saturation plateau is achieved at a lower defect area density in the AlF-containing
sample compared to the ordered grain boundary sample. This indicates that AlFs distributed

throughout the grain boundary network can improve the net grain boundary sink efficiency,
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allowing a steady-state between defect formation and destruction to be reached much earlier in

radiation damage lifetime.

5.3.3 Grain Growth and Defect Number Density per Volume from the Ex Situ Irradiations at 25
°C and 200 °C

While in situ TEM irradiation provides crucial insight regarding time dependent
phenomena such as defect generation rate, interpretations can be influenced by factors such as
surface defect annihilation [240, 241], and electron beam effects [242-244]. Complementary ex
situ bulk irradiations were performed using the conditions presented in Table 5.1 and Figure 5.2(b).
In the bulk sample cross-sectional reference frame, the Y-axis is parallel to the ion beam direction,
and the Z-axis is parallel to the cross-sectional inspection axis. The Z-axis was chosen for grain
orientation analysis since differing textures between samples along the inspection axis may impact
defect density comparisons since defect habit planes and visibility criteria are crystallographically
constrained, making different proportions of defects visible depending on the inspected crystal
direction [231]. An IPF map visualizes texture by showing which crystal direction is parallel to
the IPF assigned direction, here the Z-axis, which will be referred to as IPF-Z. Equal area
projection plots are used to analyze the IPF-Z maps, where an even distribution of plotted
directions across the whole projection area correlates to a random distribution of crystal directions
in the measurement region and a lack of texture [245]. The samples were irradiated two at
temperatures, 25 °C and 200 °C, in order to access different defect annihilation and mobility
regimes. At 25 °C primarily interstitials are mobile since little energy is required for an interstitial
to move to an adjacent interstitial location, but vacancy mobility is limited since it requires
rearrangement of atoms at lattice sites. Therefore vacancies are immobile at room temperature
and are annihilated when recombined with mobile interstitials [196], which for example may be

emitted by a nearby grain boundary [204]. At approximately 30% of the melting temperature,

94



there is sufficient thermal energy for vacancies to also become mobile, allowing vacancy clustering
and the formation of larger vacancy-based defects such as voids and stacking fault tetrahedra [196].

Figures 5.5(a)-(c) show the bright field TEM, Kikuchi band contrast map, and IPF-Z maps
for the ordered grain boundary sample irradiated at 25 °C outlined in purple, and Figures 5.5(g)-
(1) show similar data for the AlF-containing sample outlined in orange. The dashed red lines show
the sample surface, and the dashed yellow lines show the projected ion beam range, approximately
2.2 um deep within the sample. Figure 5.5(e) shows the electron transparent sample reference
frame axes. Figures 5.5(d) and (f) show equal area projection plots for the corresponding IPF-Z
maps. The IPF-Z equal area projection plots were only collected for the regions most affected by
irradiation, from the sample surface to the projected beam range depth between the red and yellow
dashed lines. Both samples irradiated at 25 °C have similar textures within the beam projected
range, with some preference for (101) oriented grains. Figure 5.6 shows similar data as presented
in Figure 5.5 for the samples irradiated at 200 °C. The equal area projection distribution plots in
Figures 5.6(d) and (f) both show a greater preference for the (001) direction compared to the
samples irradiated at 25 °C. This means that defect densities are comparable within each
temperature condition, but inspections of the 25 °C and 200 °C samples may capture different
proportions of visible radiation defects, limiting direct comparison of defect densities between the

two temperature conditions.
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Figure 5.5. (a)-(c) Bright field transmission electron microscopy (BF TEM), band contrast,
and inverse pole figure Z direction (IPF-Z) maps for the ordered grain boundary sample
irradiated at 25 °C outlined in purple. (g)-(i) show similar data for the sample containing
amorphous intergranular films (AlFs) outlined in orange. The dashed red lines show the
sample surface, and the dashed yellow lines show the projected ion beam range. (e) shows
the electron transparent sample reference frame axes, where the Y-axis is parallel to the ion
beam axis, and the Z-axis is parallel to the inspection axis. (d) and (f) show equal area
projection plots for the corresponding IPF-Z maps, where (d) refers to the ordered grain
boundary sample, and (f) refers to the AlF-containing sample.
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Figure 5.6. (a)-(c) show bright field transmission electron microscopy (BF TEM), band
contrast, and inverse pole figure Z direction (IPF-Z) maps for the ordered grain boundary
sample irradiated at 200 °C outlined in purple. (g)-(i) show similar data for the sample
containing amorphous intergranular films (AlFs) outlined in orange. The dashed red lines
show the sample surface, and the dashed yellow lines show the projected ion beam range. (e)
shows electron transparent sample reference frame axes, where the Y-axis is parallel to the
ion beam axis, and the Z-axis is parallel to the inspection axis. (d) and (f) show equal area
projection plots for the corresponding IPF-Z maps, where (d) refers to the ordered grain
boundary sample, and (f) refers to the AlF-containing sample.
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Figure 5.7 shows the grain size as a function of cross-sectional depth measured from the
TEM imaged regions in Figures 5.5 and 5.6. Each point shows the average grain size of a 100 nm
depth range. For example, the first point shows the average grain size of those grains present from
the sample surface at 0 nm to 100 nm, and the second point shows the average grain size of those
grains present from 100 nm to 200 nm deep within the sample and so forth. Approximately 10
grains were used to find the average grain size present in each 100 nm section. The grain position
within the cross-sectional depth was determined using the centroid of the grain, where the centroid
is defined as the average coordinates of all of the image pixels contained within the grain. The
dashed yellow line and associated yellow box show the expected beam penetration depth at
approximately 2.2 = 0.3 um. The two dashed gray lines shows the average grain sizes of the
ordered grain boundary and AlF-containing samples before irradiation. Figure 5.7(a) shows the
grain size measurements for the samples irradiated at 25 °C. The ordered grain boundary sample
(blue circles) shows grain growth to approximately 140 nm compared to the initial average grain
size of 110 = 34 nm. While the 140 nm average grain size is within error of the baseline average
grain size, the consistent upward shift in grain size within the projected beam range is indicative
of grain growth. In the portions of the cross-section deeper than the beam projected range, the
average grain size returns to the expected baseline grain size for the ordered grain boundary
sample. The AlF-containing sample (red triangles) shows a different trend, where within the beam
projected range, the average grain size stays close to the baseline grain size of 91 + 30 nm. There
is only apparent grain growth at the beam penetration depth, where damage levels reach a
maximum of 95 dpa in addition to Au implantation that alters the expected alloy chemistry and
may alter local damage tolerance behaviors. Figure 5.7(b) shows similar data for the samples

irradiated at 200 °C. Both the ordered grain boundary (green circles) and AlF-containing (purple
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triangles) samples follow similar trends where both samples had an increase in grain size to
approximately 130-140 nm, and then a return to their respective baseline grain sizes beyond the

beam projected range.

: Before Irradiation
Projected Beam Range Ex Situ Irradiation === Ordered Grain Boundary
=== AIF-Containing
(a) Irradiation at 25 °C (b) Irradiation at 200 °C
180 180
160 160 +
E E
= 140 = 140
b '
O 120 ® 120
l! |u [
L] n
£ 100 £ 100
& 80 S 80
o o

1]
(=]
1]
[~

=@-0Ordered Grain Boundary

=8-0Ordered GrainBoundary

40 =i-AlF-Containing 40 =#-AlF-Containing
0 1000 2000 3000 4000 0 1000 2000 3000 4000
Cross-sectional Depth (nm) Cross-sectional Depth (nm)

Figure 5.7. Grain size as a function of cross-sectional depth. Each point shows the average
grain size of a 100 nm depth range. The dashed yellow line and associated yellow box show
the expected beam penetration depth at approximately 2.2 + 0.3 pm. The two dashed gray
lines show the average grain sizes of the ordered grain boundary and amorphous
intergranular films (AIF) containing samples before irradiation. (@) shows grain size
measurements for the samples irradiated at 25 °C of the ordered grain boundary (blue
circles) and the AlF-containing (red triangles) samples. (b) shows similar data for the
samples irradiated at 200 °C for the ordered grain boundary (green circles) and AlF-
containing (purple triangles) samples.

The number of defects in the sample independent of the defect size, hereafter referred to as
the defect number density, was calculated by counting the number of dark spot damage features
visible in bright field TEM images within the beam projected range (sample surface to 2.2 um
deep) and then divided by the sample measurement volume, which is the combined grain area from
those grains in which defects were visible multiplied by the electron transparent sample thickness.

The defect counting was repeated three times from three different regions of the irradiated samples,
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accumulating to thousands of defects being counted in each sample. While the defect number
density is also subject to ambiguity in accordance with the defect inspection challenges discussed,
such as multiple defects being too close together to resolve, miscounting due to defect tangling or
overlap, and the exact character of the defect being unknown, the large number of defects counted
makes such errors inconsequential, and all measured samples are subject to the same counting
errors. Error bars are calculated by adjusting the measurement volume using the variation in
measured sample thickness from EELS. The lower bound is the number of counted defects divided
by the minimum measurement volume using the minimum of the measured electron transparent
sample thickness from EELS. The upper bound is calculated similarly using the maximum
measurement volume.

Figure 5.8 shows representative high resolution TEM images of defects observed in the
irradiated samples. Figure 5.8(a) shows an assortment of defects present as dark spots which may
encompass defects previously observed in face-centered cubic Cu such as point defect clusters,
stacking fault tetrahedra, loops, dislocations, or dislocation tangles [232, 233]. A stacking fault
tetrahedron indicated by the red arrow in Figure 5.8(a) is shown in greater detail in Figure 5.8(b)
using the inverse fast Fourier transform of the stacking fault tetrahedron. Dotted red lines frame
the stacking fault tetrahedron, and solid red lines indicate a possible stacking fault. Further TEM
inspection is necessary to fully characterize the nature of the stacking fault tetrahedron [231].
Cavities can be easily viewed by going slightly out of focus, where underfocused cavities appear
bright with a dark border [231]. Figure 5.8(c) shows several underfocused cavities, with one cavity
indicated by a red arrow and shown in greater detail in Figure 5.8(d). Cavity formation can be
promoted by high oxygen content in the lattice [232], which is an expected impurity for ball-milled

alloys [103, 215].
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Figure 5.8. Representative high resolution transmission electron microscopy images of
defects observed in the irradiated samples. (a) shows several defects present as dark spots
which may be point defect clusters, stacking fault tetrahedra, loops, dislocations, or
dislocation tangles. (b) shows the inverse fast Fourier transform of a possible stacking fault
tetrahedron indicated by the red arrow in (a). Dotted red lines frame the stacking fault
tetrahedron, and the solid red line indicates a possible stacking fault. (c) shows several
underfocused cavities, with one cavity indicated by a red arrow and shown in greater detail
in (d).

Defects such as those shown in Figure 5.8 were then counted to calculate the defect number
density. Figure 5.9 shows the defect number density for the ordered grain boundary and AlF-
containing samples irradiated at 25 °C and 200 °C. For the samples irradiated at 25 °C, the ordered
grain boundary sample is shown with a blue circle, and the AlF-containing sample with a red

circle. For the 200 °C irradiation, the ordered grain boundary sample is shown with a green square,
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and the AlF-containing sample with a purple square. The associated ranges indicate the upper and
lower error bounds of defect number density due to variation in the sample thickness. For the 25
°C irradiation, the ordered grain boundary sample showed a higher defect number density
compared to the AlF-containing sample beyond the considerations of variations in sample
thickness, suggesting improved defect sinking in the AIF-containing sample compared to the
ordered grain boundary sample. For the 200 °C irradiation, both the ordered grain boundary and

AlF-containing samples had comparable defect number densities.
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Figure 5.9. The defect number density for the ordered grain boundary and amorphous
intergranular film (AIF) containing samples irradiated at 25 °C and 200 °C. For the samples
irradiated at 25 °C, the ordered grain boundary sample is shown with a blue circle, and the
AlF-containing sample with a red circle. For the 200 °C irradiation, the ordered grain
boundary sample is shown with a green square, and the AlF-containing sample with a purple
square. The associated ranges indicate the upper and lower error bounds of defect density
due to variations in sample thickness.
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5.3.4 Impact of Amorphous Intergranular Films and Grain Boundary Complexion Transitions on
Radiation Tolerance

The AlF-containing samples have both lower defect area and number densities compared
to the ordered grain boundary samples. This correlates to molecular dynamics simulations that
have shown AlIFs acting as unbiased sinks due to their increased thickness and excess free volume
compared to an ordered grain boundary [71]. AIFs may also still be emitting interstitials to
annihilate vacancies in the grain interior similar to an ordered grain boundary loaded with
interstitials [204]. The increased effective thickness of an AlF also allows more of the collision
cascade itself to be contained within the boundary compared to an ordered grain boundary,
allowing defects to be produced closer to the sink and faster recombination rates [71]. AlFs also
act as fast diffusion pathways [62, 207, 222], which may further increase in-boundary diffusion
and recombination rates. The combined impact of these effects increases the sink efficiency of an
AIF compared to an ordered grain boundary. As a result, incorporation of AIFs increases the net
grain boundary network sink efficiency and reduces the overall defect area and number densities.

The AlF-containing sample also had less grain growth compared to the ordered grain
boundary sample. Grain growth during irradiation can be caused by a number of factors, including
radiation induced diffusion, dopant grain boundary desegregation, and ion beam mixing.
Radiation induced diffusion is caused by atomic jumps within thermal spikes that generate the
movement of atoms across grain boundaries. This in turn causes grain growth that is dependent
on the local grain boundary curvature, nature of the cascade structure, formation of subcascades at
grain boundaries [246-249], intrinsic properties of the material, and radiation conditions [213].
The increased effective thickness of an AIF compared to an ordered grain boundary may capture
more of these atomic jumps and impede atomic movement into neighboring grains, thus limiting

grain growth. AIFs may also restrict the local grain boundary mobility at thermal spikes [247],
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especially since AIlFs are preferred at very high temperatures. The proportion of the grain
boundary network that transforms to an AIF both lowers the net grain boundary network energy
and locally restricts grain boundary mobility, where even pinning only a fraction of grain
boundaries has been shown to impede grain growth of the entire grain boundary network [53, 250].
Therefore by distributing AlFs throughout the grain boundary network, not only is the net sink
efficiency of the grain boundary network increased, but the net grain boundary network energy
and mobility is decreased, combining to prevent grain growth and dramatically improve the
radiation tolerance of the nanocrystalline alloy.

Desegregation of dopants at the grain boundary may also degrade thermodynamic grain
size stabilization and cause grain growth [251-253]. For example Cr depletion and Ni enrichment
have been observed at the grain boundaries of irradiated 304L and 316L austenitic stainless steels
[254], and dopant desegregation due to increasing temperature has been observed in
nanocrystalline Ag-W [214]. Similarly, ion beam mixing disrupts the compositional separation
between grain boundary and grain interior [255]. Miscible alloys are observed to undergo ballistic
intermixing at phase boundaries, which has been observed in miscible alloy multilayers of Al-Nb
[256] and Fe-W [257]. Conversely, immiscible alloy multilayers retain sharp chemical boundaries
with no intermetallic formation or amorphization detected upon irradiation due to their large
positive enthalpy of mixing, which indicates that any ballistic mixing is counteracted by dynamic
demixing, which has been observed in Cu-Nb and Cu-V [201, 216]. Cu-Zr is a miscible alloy,
chosen in part specifically for this characteristic to promote AlIF formation [75]. STEM-EDS was
performed on both the 25 °C and 200 °C ex situ irradiated ordered grain boundary and AIF-
containing samples. Zr segregation to the grain boundaries was still present after irradiation, but

subtle changes in adsorbed Zr and complexion transitions throughout the grain boundary network
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could cumulatively degrade radiation tolerance over time. For the ordered grain boundary
samples, thermal input alone is not sufficient to cause any of the observed grain growth. Annealing
studies of the same ball-milled nanocrystalline Cu-Zr alloy showed excellent thermal stability at
550 °C where only ordered grain boundaries existed within the grain boundary network [74]. The
combined effects of Zr dopant segregation that lowers the grain boundary energy and kinetic
pinning from ZrC particles were sufficient to stabilize the nanostructure at temperatures below the
AlF-transition threshold. Therefore, phenomena specific to radiation such as radiation induced
diffusion, dopant grain boundary desegregation, and ion beam mixing are necessary to cause the
grain growth observed in the ordered grain boundary sample, and may also ultimately degrade the
stability of the AlF-containing sample.

The ability of AlIFs to improve the grain boundary network sink efficiency and limit grain
growth breaks down in the 200 °C ex situ irradiation, where the AlF-containing sample behaved
the same as the ordered grain boundary sample. Both had a similar defect number density and
degree of grain growth within the projected beam range. This breakdown can be attributed to the
metastable nature of an AIF quenched into place resulting in a complexion transition. AlFs are
only the thermodynamically preferred grain boundary state at temperatures of at least 60-85% of
the material melting temperature [57, 84]. At 200 °C, the preferred grain boundary state is
crystalline, where indications of a complexion transition from an ordered grain boundary to an AIF
in Cu-Zr have only been observed between 750 °C and 850 °C [54, 74]. All samples subjected to
ex situ irradiation were exposed to the same dose at the same time and therefore the same degree
of irradiation induced heating. The combined effects of the ion irradiation, irradiation induced
heating, and 200 °C stage temperature were sufficient to push enough AlFs out of their metastable

state, causing them to crystallize and form ordered grain boundaries and noticeably change the
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material radiation tolerance to be more like the ordered grain boundary sample. It is important to
note that AIFs may still remain distributed throughout the grain boundary network in the AlF-
containing sample irradiated at 200 °C, but not enough to cause a cumulative impact on behavior,
and hence the observed grain growth. Instead, the combined effects of only the ion irradiation and
irradiation induced heating performed at 25 °C does not appear sufficient to disrupt enough AlFs
out of their metastable state to cumulatively change the radiation tolerance. This means that
complexion transitions can be used to favorably tune the radiation tolerance of nanocrystalline
alloys. Radiation conditions that promote AIF formation, such as very hot operating temperature
within the AIF forming regime, may cause a counterintuitive increase in grain size stability and

radiation tolerance.

5.4 Conclusion

Three observations are made from the nanocrystalline alloy irradiation experiments
performed in this study. First, AlFs increase the net sink efficiency of the entire grain boundary
network. This is evidenced by the AlF-containing samples having a smaller defect area density
measured from the in situ TEM irradiation video and a lower defect number density measured
from 25 °C ex situ irradiation compared to the ordered grain boundary samples. Second, AlFs
limit grain growth during irradiation. This is evidenced by the absence of grain growth in the AlF-
containing sample during in situ TEM irradiation, and less grain growth measured in the AlF-
containing sample from the 25 °C ex situ irradiation compared to the ordered grain boundary
samples. Third, complexion transitions due to radiation conditions change the radiation tolerance.
This is evidenced by the divergence in behaviors observed in the irradiation performed at 200 °C

compared to 25 °C.
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A main challenge for nanocrystalline metal irradiation is a loss of radiation tolerance due
to grain growth, which is further exacerbated by high temperature operating conditions. In
nanocrystalline Cu-Zr, the transformation of an ordered grain boundary network to an AlF-
containing network improved the net grain boundary network sink efficiency and limited grain
growth that in turn improved the radiation tolerance. Additionally, AIFs operate best at extremely
high temperatures, making AlFs a promising prospect for improved radiation tolerance in high
temperature nuclear applications. The grain boundary network as a whole can be used to improve
the radiation tolerance of nanocrystalline alloys by including a proportion of extremely sink
efficient and stable grain boundaries through complexion transitions for cumulative radiation

tolerance improvements.
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Chapter 6: Conclusions

In nanocrystalline metals, engineering the structure and composition of the grain
boundaries is critical in order to realize the full potential of these materials, but methods to do this
remain limited. Complexions offer a powerful perspective that considers grain boundaries as
phase-like entities that can undergo dramatic transitions in composition and structure depending
on external variables such as temperature and composition, similar to bulk phases. Using this
perspective, different complexion types have been found to significantly alter material behavior.
AlFs, a premelt type of complexion that forms at very high temperatures, have been shown to
significantly improve damage tolerance, but alloys known to form them are extremely few. Due
to their scarcity, application studies of AlFs are also limited. The goal of this thesis was to enable
AIF research by formalizing selection criteria to find nanocrystalline alloys that can form these
features, and then investigate applications where AIF damage tolerance can be leveraged. The
relevant conclusions of this thesis are summarized below.

In Chapter 2, we proposed a set of materials selection rules aimed at predicting the
formation of AlFs, with an emphasis on encouraging (1) the segregation of dopants to the grain
boundaries and (2) the formation of a glassy structure. To validate these predictions, binary Cu-
rich and Ni-rich metallic alloys encompassing a range of thermodynamic parameter values were
created using sputter deposition and subsequently heat treated to allow for transformation of the
boundary structure. All of the alloys studied had dopant segregation to the grain boundary, but
exhibited different interfacial structures. Cu-Zr, Cu-Hf, and Ni-Zr formed AlFs while Cu-Nb and
Cu-Mo retained crystalline order at their grain boundaries, which can mainly be attributed to

differences in AH™*. We find that a positive 4H**9 coupled with a negative AH™* promotes
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nanoscale AIF formation, and using these selection rules, we made AlF-forming predictions for a
wide variety of transition metal binary alloys.

In Chapter 3, we applied these selection rules to discover a new AlF-forming alloy, and
further populated the AIF materials toolbox. Nanocrystalline Ni-W annealed at 1000 °C and
above, and then rapidly quenched is found to contain AlFs. Solute segregation is used to limit
grain growth in nanocrystalline metals, but this stabilization often breaks down at high
temperatures. AlFs provide a possible alternative route to lower grain boundary energy and
therefore limit grain growth specifically at high temperatures where they are thermodynamically
accessible. Using this, we discovered a counterintuitive region of nanocrystalline stability at
elevated temperatures due to AIF formation, highlighting the unexpected benefits possible using
the complexion perspective.

Upon defining material selection rules for nanocrystalline alloys that can form AlFs, we
then investigated applications where AIF damage tolerance can be best utilized. Nanocrystalline
metals typically have high fatigue strengths, but low resistance to crack propagation. AlFs have
been shown to diffuse grain boundary strain concentrations during monotonic loading, suggesting
they may also be beneficial for fatigue properties. In Chapter 4, we probed this hypothesis using
in situ TEM fatigue cycling on Cu-1 at.% Zr thin films thermally treated to have either only ordered
grain boundaries or to contain AlFs. The sample with only ordered grain boundaries experienced
grain coarsening at crack initiation followed by unsteady crack propagation and extensive
nanocracking, whereas the sample containing AlFs had no grain coarsening at crack initiation
followed by steady crack propagation and distributed plastic activity. We find that microstructural
design for control of these behaviors through simple thermal treatments can access new modes of

nanocrystalline metal fatigue toughness.
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Damage tolerance is also an important consideration for nuclear radiation applications.
The radiation tolerance of metals can be improved through the incorporation of surfaces and
interfaces within the material, and AlFs are predicted to have improved sink efficiencies compared
to traditional ordered grain boundaries due to their increased effective thickness and amorphous
structure. In Chapter 5, ball-milled nanocrystalline Cu-Zr heat treated to either have only ordered
grain boundaries or to contain AlFs distributed throughout the grain boundary network were
subjected to in situ TEM irradiation and ex situ bulk irradiation. Differences in defect densities
and grain growth due to grain boundary structural transitions were then investigated. We found
that when AIFs are incorporated within a material, not only is the net sink efficiency of the whole
grain boundary network increased, but grain growth is also limited, leading to improved
nanocrystalline alloy radiation tolerance.

In summary, we found that AlFs are not obscure features relegated to theory and exotic
forming conditions. Instead, AlFs can possibly be found in a large number of alloys through
simple heat treatments. Furthermore, AlFs are ideal candidates to improve nanocrystalline alloy
behaviors in certain extreme environments. They naturally form close to the melting point, leading
to a counterintuitive increase in grain size stabilization at high temperatures. AIFs are also
desirable when damage tolerance is key, such as in fatigue and nuclear radiation applications.
While grain size is the standard metallurgical parameter, the large grain boundary volume fraction
of nanocrystalline metals necessitates new perspectives. In addition to grain size, the nature of the
grain boundary network is critical to fully understanding and engineering nanocrystalline metals.
Complexions offer a unique perspective to achieve this, and AlFs exemplify the unexpected,

beneficial, and unleveraged behaviors possible in nanocrystalline metals using this approach.
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Chapter 7: Directions for Future Work

This thesis has taken AIFs from thermodynamic peculiarities to viable and desirable

engineering design goals. However, several gaps exist in our understanding of AlFs. Future AlF

research should be directed in the following specific areas.

Proving that the AlFs observed in this study are true complexions. A complexion has a
very specific definition and is not a generalized term for any general grain boundary. Grain
boundaries called complexions have special phase-like behaviors, meaning the grain
boundary structure and composition are reversible depending on extrinsic parameters such
as temperature and composition. The AIlFs in this thesis can at most be surely called
premelts, but their unique complexion behavior remains to be proven. Insitu TEM heating
that shows reversible AIF formation and dissolution above and below the transition
temperature would definitively prove the complexion nature of the AlFs observed in this
thesis. Efforts to do this were performed during this thesis, but solid state dewetting during
in situ TEM heating posed a significant challenge to obtain useful data. More information
regarding these efforts can be found in Appendix A.

AIF formation dependence on grain boundary character. Complexions cannot simply be
called phases since they violate the Gibbs technical definition for a phase where their
existence is dependent on their local environment. That is, the grain boundary feature
would cease to exist if the neighboring grains were altered. This unique dependency on
gran boundary energy, and in turn grain boundary character, earns these features their
unique complexion moniker. Therefore, improved understanding of the connection
between grain boundary energy/character, AIF formation, and the role of AlIFs within the

greater grain boundary network is critical. Efforts were made during this thesis to connect
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grain boundary character to AIF formation using precession electron diffraction and TKD,
but obtaining all five parameters of the grain boundary character in a nanocrystalline alloy
proved extremely challenging. Bicrystal/coarse-grained samples or novel AIF inspection
techniques such as atomic force microscopy (AFM) or 3D X-ray diffraction (3D XRD)
could enable this study.

Novel AIF inspection methods. High resolution TEM is currently the only experimental
method available to find AlFs in nanocrystalline alloys. New methods to show that AlFs
have formed in an alloy could both ease alloy AlF-formation screening, and open new
analysis pathways. AFM has been a cornerstone experimental method for complexion
research, where the grain boundary energy, and hence complexion transitions, can be
directly investigated by measuring grain boundary grooving [80, 258]. Grain boundary
grooves were observed on the surface of the Ni-W films presented in Chapter 3, and may
be used with AFM to investigate AIF formation. Amorphous regions within a material are
also detectable using XRD as a signature hump. Synchrotron XRD may be able to resolve
AIF formation using this amorphous signature. Finally, AIFs may also noticeably impact
electrical and thermal conductivity, allowing measurement of these criteria to indicate
changes in the grain boundary network. For example, concurrent four-point probe
electrical measurement during heating could pinpoint AIF formation as jumps in resistivity.
The possibility of such an experiment is described in greater detail in Appendix D.

The role of impurities during AIF formation. Many of the processes used to create
nanocrystalline alloys are subject to impurity contamination, such as H, He, O, N, C and
S. These impurities are known to significantly impact material behavior and even

segregate to grain boundaries, but inadequate attention is being paid to these contaminants.
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In fact, many nanocrystalline alloy grain size stability studies have been performed without
characterizing these impurities where they are likely significantly contributing to the
observed stability. Furthermore, such impurities at the grain boundaries would likely
promote AIF formation since they would frustrate the formation of long range order.
Understanding the importance of these impurities on AIF formation are necessary for
continued AIF application.

Alloys that form AlFs at lower temperatures. While hot and extreme environments are
strong applications for AlFs, high temperatures are relative. Now that the utility of AlFs
in such environments has been shown in this thesis, new alloys that form AIFs at lower
temperatures can be explored. In doing this, AlFs can be investigated in more manageable
temperature regimes that do not limit experimentation. For example, the Cu and Ni alloys
used in this thesis pushed the upper temperature limits of the tube furnace used for
annealing. Also, the radiation experiments performed at Sandia National Laboratories had
a maximum operation temperature of ~400 °C. Alloys with lower melting points where
~400 °C is within the AIF forming range would allow radiation to be performed when AlFs
are in their true thermodynamically preferred regime, and not simply metastable. Such
limitations hold true for many experimental configurations, where maximum temperatures
usually top out at ~500 °C. Performing radiation or mechanical test experiments when
AlFs are in their preferred thermodynamic state and not simply metastable would offer
critical insights regarding the behavior of these features under potential operating
conditions. Al or Sn based alloys have low melting points and are ideal candidates to
explore for this purpose. Al-Mg and Sn-Ag both satisfy the selection criteria identified in

Chapter 2, and they are both relevant engineering alloys. Al-7 at.% Mg was recently found
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to be one of the strongest lightweight alloys ever reported [259], and Sn-Ag is an industry
standard Pb-free solder for computer chips [260]. More details regarding the use of Sn-Ag

for this application can be found in Appendix D.

In addition to expanding AIF theoretical understanding, a number of non-AlF research paths

naturally arise from this thesis. Future work connected to this thesis should be directed in the

following areas.

Continued in situ TEM fatigue of ordered grain boundary nanocrystalline metals. The
novel thin film annealing method used in conjunction with in situ TEM fatigue described
in Chapter 4 opens new nanocrystalline fatigue research pathways. Previous in situ TEM
nanocrystalline fatigue experiments were limited to pure metals in their as-sputtered state.
The method used in this thesis allows improved in situ TEM inspection of the impact grain
boundary doping has on nanocrystalline fatigue behaviors. For example, it can be
determined if thermodynamic grain size stabilization due to dopant segregation changes
the rate of grain growth during fatigue crack initiation. Perhaps an ideal fatigue loading-
composition-grain size window exists where grain growth at the site of crack initiation
perpetually impedes crack initiation and growth, akin to a single-crystal always existing
locally in front of the crack.

Continued irradiation studies of nanocrystalline alloys. While grain size stabilization is
necessary for nanocrystalline metals in radiation applications, dopant segregation may
actually decrease alloy radiation tolerance. The results of this thesis and other studies
correlate improved radiation tolerance to increased free volume at the grain boundary.

Dopant segregation reduces this free volume and may in turn degrade radiation tolerance.
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Studies investigating the impact of dopant grain boundary segregation on nanocrystalline
alloy irradiation are necessary.

Complexion “composites.” Due to their large grain boundary volume fraction,
nanocrystalline metals can almost better be viewed as grain-grain boundary “composites,”
and complexions offer a unique perspective to tune the grain boundary portion of these
nanocrystalline “composites.” For example, the AlF-containing alloys studied in this thesis
are essentially metal-metallic glass composites, with the glassy component restricted to the
grain boundary. This perspective of “composite” nanocrystalline alloys tailored by
complexions can be extended to constitute materials other than glassy AlFs. For example,
carbon has been shown to segregate to grain boundaries in certain alloys [261, 262], and
segregated dopant can form bilayer complexions [64]. Given the appropriate hexagonal
ring structure of carbon atoms situated within the grain boundary lattice, a bilayer graphene
complexion could form. Dopant grain boundary superstructures reminiscent of hexagonal
ordering have been found in Ni-Bi bilayer complexions [263], and graphene-metal oxide

particle composites have already been created [264, 265].
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Appendix A: Deposition and Annealing of the Sputtered Films

The microstructures of metal films fabricated through sputter deposition are dependent on
the power, pressure and temperature parameters used during sputter. The sputtered films used here
were deposited in accordance with power-pressure-temperature sputter design rules to achieve a
dense nanocrystalline film with columnar grains [266]. Zone 1 is characterized by porous
crystallites separated by voids, and Zone T has densely packed but fibrous grains. Efforts were
made to avoid Zone 1 and Zone T in accordance with Thornton’s Structure Zone Diagram shown
in Figure A.1. The target region is Zone 2, which is characterized by dense columnar grains, and
is achievable using low deposition pressures at high temperatures. A low deposition rate was also
used to further promote film densification. The films were ultimately deposited using an Ar
pressure of 1.5 mTorr at a temperature of 400 °C, which is the maximum temperature capable on
the Ulvac sputter tool. The powers used were 150W for Cu and 75 W for Zr, where the Cu target
was sputtered using DC power, and the Zr using RF. The balance of these metals, at these powers,

using each power source, resulted in a film with ~4 at.% Zr. The deposition rate was ~0.2 nm/sec.
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Figure A.1. Diagram of sputter microstructure zones as a function of pressure and
temperature, from [266].

The maximum sputter temperature, 400 °C, is only ~40% of the Cu-Zr melting point,
meaning the microstructure is still somewhat within Zone T. This may cause porosity between the
columnar grains and enhance surface roughness. The Cu substrate further promoted surface
roughness, since even though it was polished down to 0.1 um grit colloidal silica, the surface is
still not atomically smooth. Originally, Si was the desired substrate since single crystal wafers can
be used to automatically achieve atomically smooth deposition surfaces, but Cu both chemically
reacts and diffuses into Si at high temperatures. Efforts were made to find barrier layers suitable
to prevent chemical reactions and diffusion of the Cu film, but all barriers evaluated could not

survive the >900 °C annealing necessary for this AlF research.
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This surface roughness contributed to solid state dewetting that greatly challenged proper
heat treatments of the sputtered films for AIF transformations. Solid state dewetting commonly
occurs in any thin film at high temperatures, but can be exacerbated by surface roughness. The
films were first annealed to 500 °C for 1 day in order to relieve film stresses, allow for film
densification, promote dopant segregation, and permit grain growth to ease TEM inspection, but
an additional higher temperature anneal is necessary to permit AIF grain boundary transitions.
Previous ball-milled Cu-Zr AIF studies were annealed at 950 °C and then quenched, but this
temperature caused excessive dewetting and destruction of sputtered Cu-Zr films within seconds.
As result, annealing for AIF transitions in the sputtered Cu-Zr films was lowered to 900 °C, where
~850 °C is the known lower limit for AIF formation in Cu-Zr. Also, the 900 °C anneal before
quenching was limited to 60 seconds, where even 90 seconds caused almost complete film

destruction. Images of solid state dewetting in the annealed films are shown in Figure A.2.

Figure A.2. Focused ion beam channeling contrast imaging of the Cu-5 at.% Zr thin film
deposited on a copper substrate after being annealed at 500 °C for 24 h and then 900 ° C for
2 min with subsequent quenching. (a) shows dewetted Cu particles containing large grains
dispersed across the film surface. (b) shows another focused ion beam channeling contrast
imaging from a separate trench where the porous remains of the sputtered film can be seen
beneath a dewetted particle. The insets in (b) show the associated compositional data for the
film and particle.
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Solid state dewetting is the current primary challenge for in situ TEM heating experiments
to definitively prove AIF complexion transitions. Figure A.3 shows the destruction of an electron
transparent film during in situ TEM heating due to solid state dewetting. All electron transparent
samples, even if prepared from bulk specimens, are subject to solid state dewetting due to their
thin geometry necessary to permit TEM inspection essentially making them thin films. Efforts
during this thesis to perform in situ TEM heating to observe AIF complexion transitions found that
solid state dewetting initiates at ~500 °C in Cu-Zr. Dewetting was observed using both Gatan and
Protochips TEM heating holders, regardless of substrate (Mo grids, Cu grids, SisNs support
window grids, and Protochips with open holes were all evaluated). Slow heating ramp rates,
minimized AIF transitions temperatures, minimized film compositions, and minimized electron
beam exposure were observed to suppress solid state dewetting in Cu-Zr and allow regions of the
electron transparent film to remain usable. Ramping rates of ~0.2 °C/s to a temperature of 850 °C
(current known lower AIF transition limit for Cu-Zr) were used to create the annealed AlF-
containing films in Chapter 4. Cu-1 at.% Zr was also chosen in Chapter 4 to minimize the Zr
composition, since higher dopant compositions increase film roughness and exacerbate dewetting.
Electron beam exposure is also known to alter the behavior of thin films during in situ TEM

heating, with an example shown in Figure A.4.
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Figure A.3. Evolution of solid state dewetting in Cu-Zr with increasing temperature. The
bright-field transmission electron microscopy (TEM) image in (a) shows the film in the as-
deposited state at 25 °C, and (b) shows the film after annealing at 650 °C. The insets show
the associated selected area electron diffraction patterns for each condition, where the face-
centered cubic Cu phase is indicated by solid green lines, and the Cu20 phase by dashed
orange lines. Elemental mapping using energy filtered (EF) TEM on a separate region of the
annealed film is shown in (c) where Cu is red.

As Deposnted (b)

Flgure A 4. Pure Cu dep03|ted onto a SisNs support TEM grid and in situ TEM annealed to
700 °C. The thin film fully dewetted except within the electron beam spot area used during
annealing, likely caused by an oxide layer on the Cu surface grown by the electron beam
[244] which limited surface diffusion [242] and thus solid state dewetting.
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Appendix B: Additional Experimental Details of the In Situ Transmission
Electron Microscopy Fatigue Research
B.1 Supplementary Note 1

Cu-1 at.% Zr thin films were sputter deposited onto NaCl polished disc substrates 13 mm
x 1 mm in dimension (International Crystal Laboratories, Inc. #0002A-4549). Portions of the film
were then floated by dissolution of the substrate in a solution of water and isopropyl alcohol onto
Protochips, Inc. Fusion heating chips with no supporting membrane (Protochips, Inc. #E-FHBN-
10), where special care taken to not short the opposing electrical leads on either side of the heating
chip window with the floated film. A small amount of Cu oxide was seen in some samples after
high vacuum annealing to create the ordered and disordered samples and may be due to film
interactions with the salt substrate or dissolution in water.

After annealing, portions of the film located on the heating chips were prepared for in situ
TEM fatigue using a focused ion beam (FIB) lift-out technique. Portions of the annealed films
chosen for lift-out were in the center of the heating chip with good contact to the window to ensure
adequate thermal transfer. Figure B.1(a) shows a scanning electron microscopy (SEM) image of
the thin film on a heating chip over the window holes with good thermal contact. Figure B.1(b)
shows rectangles approximately 15 nm x 15 nm cut using FIB and lifted out through Pt attachment
to an Omniprobe, Inc. micro-manipulator visible on the left. Next, the samples were placed across
the 2.5 um wide gauge section of the push-to-pull (PTP) device indicated by the red arrow in
Figure B.1(c) and secured with electron and ion beam Pt, with final FIB sample and notch shaping
shown in Figure B.1(d). Special care was taken during Pt deposition to (1) maximize the distance
of the attaching Pt from the gauge section and (2) avoid imaging after deposition until base pressure

was recovered in order to minimize inadvertent Pt deposition over the gauge section. If these
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measures were not taken, enough accidental Pt deposition occurred to destroy electron
transparency over the gauge area and make mechanical testing of the experimental specimen
inconclusive. The PTP devices are from the Bruker Corporation with a stiffness of 450 N/m
(Bruker Corporation #5-1092-HIGH-10) and were attached to the Bruker P1 95 Picolndenter TEM
holder Cu mount using conductive silver paint. Gluing was completed before lift-out of the sample
from the heating chip onto the PTP device in order to minimize handling of the completed sample,
where even the slightest vibration or pressure on the PTP device can break the extremely delicate
sample once stretched across the gauge section.

The methodology used minimizes FIB damage since the deposited film thickness was
sufficiently electron transparent with no further FIB thinning required, indicated by the increased
brightness of the thin film over the gauge region in Figure B.1(d). Also, the thin film is in the
correct orientation for transfer from the heating chip to the PTP device, which eliminates the
geometric challenge faced when using a standard vertical lift-out technique for TEM sample
preparation to create a plan view specimen. Other methods to minimize FIB damage or achieve a

plan view lift-out have been investigated in the literature [157, 267, 268].
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Figure B.1. (a) A scanning electron microscopy image of the Cu-1 at.% Zr thin film that has
been floated onto the heating chip window area where the heating chip holes are visible. (b)
shows a selected portion of the annealed thin film cut into a rectangle using the focused ion
beam (FIB) technique and Pt attached to the micro-manipulator on the left for lift-out. (c)
shows the push-to-pull device with the gauge section indicated by the red arrow. (d) shows
the finished specimen, attached with Pt and shaped using the FIB.

B.2 Supplementary Note 2

Electron energy loss spectroscopy (EELS) was performed using a JEOL GrandARM300CF
in scanning transmission electron microscopy (STEM) mode operated at 300 kV in order to
compute the thickness of the as-deposited Cu-1 at.% Zr thin film. The thickness was calculated

using the log-ratio (absolute) method with a measured convergence semi-angle of 31.0 mrad and
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collection semi-angle of 39.4 mrad. An effective atomic number of 29 was used due to the low Zr
dopant concentration. The as-deposited thin film is shown using bright field transmission electron
microscopy (TEM) in Figure B.2(a) and high angle annular dark field STEM in Figure B.2(b),
where the dashed red line in Figure B.2(b) shows where the thickness measurement was

performed. Figure B.2(c) shows the thickness profile with an average film thickness of 51 + 6 nm.

0 0.2 0.4 0.6
Distance (um)

Figure B.2. The as-deposited Cu-1 at.% Zr thin film is shown using (a) bright field
transmission electron microscopy and (b) high angle annular dark field scanning
transmission electron microscopy. The film thickness was measured at the dashed red line
in (b), with data presented in (c).
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B.3 Supplementary Note 3

The full in situ TEM fatigue loading conditions and crack growth data for the ordered grain
boundary and AlF-containing samples are presented in Tables B.1 and B.2, where sample fracture
occurred at the final steps. Reported loads are on the total system including both the PTP device
and specimen. The notch plus crack length, a, is normalized by the specimen width, W. da/dN is
the crack growth rate measured as the change in crack length per number of cycles. Step 45 of the
ordered sample was performed at a lower total mean load than step 44 due to the fatigue test being
paused and then resumed. A representation of these loading conditions is shown in Figure B.3 for
the ordered grain boundary sample where the total mean load is plotted and the vertical bars
represent the total load amplitude. Figure B.4 shows the loading conditions within an individual
step in greater detail using step 17 from the AlF-containing sample as an example for the load and
displacement versus step time duration in Figures B.4(a) and (b) respectively. The 200 Hz loading

rate causes the curves to appear as solid black boxes.
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Ordered Grain Boundary Sample

Frequency | Duration | Mean Load, Lo_ad Crack Normalized Crack Growth
Step Amplitude, Length, a Crack Rate, da/dN
(H2) (s) Total (uN) Total (UN) (um) Length, a/W (m/cyc)
0 100 200 10 5 1.000 0.303 NA
1 100 200 10 5) 1.004 0.304 NA
2 100 200 20 5 1.009 0.306 2.8E-13
3 100 200 30 10 1.015 0.308 2.7E-13
4 100 200 40 10 1.022 0.310 2.4E-13
5 100 200 50 15 1.024 0.310 3.9E-13
6 100 200 60 20 1.028 0.312 4.6E-13
7 100 200 70 20 1.051 0.318 4.6E-13
8 100 200 80 30 1.055 0.320 3.2E-13
9 150 200 80 30 1.062 0.322 2.6E-13
10 200 200 80 30 1.069 0.324 3.1E-13
11 200 200 80 30 1.086 0.329 4.4E-13
12 200 200 80 30 1.102 0.334 4,7E-13
13 200 200 80 30 1.134 0.344 4.0E-13
14 200 200 90 30 1.139 0.345 2.8E-13
15 200 200 90 30 1.148 0.348 1.2E-13
16 200 200 90 30 1.151 0.349 1.3E-13
17 200 200 100 30 1.153 0.349 1.2E-13
18 200 200 100 30 1.162 0.352 1.4E-13
19 200 200 100 30 1.165 0.353 3.3E-13
20 200 200 110 30 1.172 0.355 5.2E-13
21 200 200 110 30 1.214 0.368 6.7E-13
22 200 200 110 30 1.242 0.376 6.1E-13
23 200 200 120 30 1.265 0.383 3.7E-13
24 200 200 120 30 1.270 0.385 2.1E-13
25 200 200 120 30 1.273 0.386 1.4E-13
26 200 200 130 30 1.280 0.388 4.5E-13
27 200 200 130 30 1.288 0.390 6.2E-13
28 200 200 130 30 1.352 0.410 5.9E-13
29 200 200 140 30 1.360 0.412 4 3E-13
30 200 200 140 30 1.362 0.413 1.4E-13
31 200 200 140 30 1.370 0.415 1.5E-13
32 200 200 150 30 1.376 0.417 2.0E-13
33 200 200 150 30 1.384 0.419 2.2E-13
34 200 200 150 30 1.396 0.423 5.0E-13
35 200 200 160 30 1.405 0.426 6.2E-13
36 200 200 160 30 1.466 0.444 5.9E-13
37 200 200 160 30 1.472 0.446 4.3E-13
38 200 200 170 30 1.479 0.448 9.5E-13
39 200 200 170 30 1.485 0.450 1.4E-12
40 200 200 170 30 1.650 0.500 1.4E-12
41 200 200 180 30 1.660 0.503 9.6E-13
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42 200 200 180 30 1.662 0.504 2.0E-12
43 200 200 180 30 1.670 0.506 2.3E-12
44 200 200 180 30 NA NA NA
45 200 200 80 30 NA NA NA
46 200 200 90 30 2.115 0.641 2.3E-12
47 200 200 100 30 2.126 0.644 2.0E-12
48 200 200 110 30 2.132 0.646 9.3E-13
49 200 200 120 30 2.155 0.653 1.3E-12
50 200 200 130 30 2.287 0.693 1.9E-12
51 200 200 140 30 2.306 0.699 5.4E-12
52 200 200 150 30 2.440 0.739 NA
53 200 200 160 30 3.158 0.957 NA

Table B.1. The loading parameters per step of the ordered grain boundary sample in situ
transmission electron microscopy fatigue and associated crack growth data.
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AIF-Containing Sample
Frequency | Duration | Mean Load, Lo_ad Crack Normalized Crack Growth
Step Amplitude, Length, a Crack Rate, da/dN
(H2) (s) Total (uN) Total (UN) (um) Length, a/W (m/cyc)

0 100 200 10 5 1.000 0.294 NA

1 100 200 10 5) 1.024 0.301 NA

2 100 200 20 5 1.051 0.309 1.2E-12

3 100 200 30 10 1.066 0.314 1.7E-12
4 100 200 40 10 1.100 0.323 2.2E-12

5 100 200 50 15 1.173 0.345 2.2E-12

6 100 200 60 20 1.221 0.359 2.1E-12

7 100 200 70 20 1.226 0.361 2.0E-12

8 100 200 80 30 1.285 0.378 1.6E-12

9 150 200 80 30 1.357 0.399 1.5E-12
10 200 200 80 30 1.372 0.403 1.7E-12
11 200 200 80 30 1.436 0.422 1.8E-12
12 200 200 80 30 1.566 0.461 2.0E-12
13 200 200 80 30 1.616 0.475 1.7E-12
14 200 200 90 30 1.676 0.493 1.2E-12
15 200 200 90 30 1.717 0.505 1.7E-12
16 200 200 90 30 1.763 0.519 1.7E-12
17 200 200 100 30 1.905 0.560 1.5E-12
18 200 200 100 30 1.929 0.567 1.1E-12
19 200 200 100 30 1.940 0.571 8.8E-13
20 200 200 110 30 1.968 0.579 1.1E-12
21 200 200 110 30 2.062 0.606 1.8E-12
22 200 200 110 30 2.088 0.614 NA
23 200 200 120 30 2.223 0.654 NA

Table B.2. The loading parameters per step of the amorphous intergranular film (AlF)
containing sample in situ transmission electron microscopy fatigue and associated crack
growth data.
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Figure B.3. The loading conditions of the ordered grain boundary sample for each step are
shown where the total mean load is plotted and the vertical bars represent the total load
amplitude for each step. The drop at 1,690,000 is due to the fatigue cycling being paused and
then resumed. The amorphous intergranular film containing sample received identical
loading conditions through to its point of failure.
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Figure B.4. Representative (a) load and (b) displacement curves from the amorphous
intergranular film fatigue cycling at loading step number 17. The 200 Hz loading rate causes
the curves to appear as solid black boxes.
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Appendix C: Additional Details Regarding the Radiation Experiments

C.1 Additional Experimental Details

e Particles of the ball-milled powder were affixed onto Si carriers in the irradiation chamber
using carbon tape for the 25 °C irradiation and M-Bond 610 adhesive for the 200 °C
irradiation for greater adhesive temperature stability.

e The thicknesses of each electron transparent TEM sample measured using EELS are shown

in Table C.1.

Electron Transparent Sample Average Thickness and std. dev. (nm)
Ordered GB, in situ irradiation 86 +/- 11

AIF-Containing, in situ irradiation 103 +/- 10

Ordered GB, ex situ irradiation, 25 °C 100 +/- 15

AIF-Containing, ex situ irradiation, 25 °C 123 +/- 20

Ordered GB, ex situ irradiation, 200 °C 147 +/- 10

AIF-Containing, ex situ irradiation, 200 °C 132 +/- 22

Table C.1. Thickness of each electron transparent transmission electron microscopy sample
measured using electron energy loss spectroscopy used to calculate defect cluster area and
number densities

C.2 He implantation Efforts

He implantation was also performed in order to investigate the impact of AlFs on swelling
and bubble precipitation. In order for the bubbles to coalesce, implantation or a post implantation
annealing must be performed using at least 30% the melting temperature. He implantations were
performed at Los Alamos National Laboratory at 300 °C (the maximum temperature possible) in
order to reach the bubble coalescence regime and match prior work [206]. In accordance with the
conclusions from Chapter 5, 300 °C coupled with irradiation is likely sufficient to allow
crystallization of AlFs, making the implantation results inconclusive for this thesis. Implantation

at room temperature and subsequent annealing at AIF transition temperatures, or different alloy
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systems where 300 °C is within the AIF transition range (with possible alloys described in greater

detail in Chapter 7 and Appendix D) are possible pathways to consider for this research.
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Appendix D: Motivation for Sn-Ag AIF investigation
Sn doped with Ag has a positive 479 [39] and a negative AH™* [269], making this alloy

a possible AlF-former in accordance with Chapter 2. Additionally, this alloy has a low melting
point, where Sn-4 at.% Ag eutectic melts at 221 °C [269]. This makes Sn-Ag a viable candidate
for AIF inspection, where temperatures as low as 155 °C (70% the eutectic melting temperature)
may have AIF transitions. A lower melting temperature makes heated radiation and mechanical
tests more accessible compared to Cu and Ni based alloys that have melting points almost 5 times
greater, since many experimental configurations simply cannot sustain the operation temperatures
necessary for AIF transitions in alloys with such high melting points. Tests can be performed in
the temperature range where AIFs are the thermodynamically preferred state, and not simply
metastable at room temperature. This makes new testing and inspection of AlFs feasible in order
to more fully investigate their behavior, and approximates how AlFs could perform in real extreme
environments, such as very-high temperature Gen IV nuclear reactors.

Sn-Ag (or related Sn-rich solders such as Sn-Pb) near the eutectic composition is an
industry standard solder alloy for microchips [260], meaning there is an extensive history of
research regarding this alloy in which to insert grain boundary AIF studies. Sn-Ag plating baths
can easily be purchased (ex. Dupont Solderon™ BP TS 6000 Tin-Silver Plating Chemistry), or
purchased as wires at any electronics store and subjected to mechanical processes such as equal
channel angular pressing for grain refinement. Microchips manufactured with Sn-rich solder are
subjected to a reflow process where the solder is melted in order to create the final solder bump
shape and microstructure. If AlFsindeed form in Sn-Ag, then every microchip ever manufactured
containing Sn-Ag solder (or related Sn-based alloys) may be subject to their effects. Yield losses,

malformed solder bumps, anomalous failure modes, and premature solder failure may all have
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roots in AlFs formed within the solder bump during high temperature excursions. For example,
an overheating computer could push chip temperatures into the Sn-Ag AlF-forming regime,
forming fast diffusion pathways within the solder bumps and ultimately causing premature
electromigration failures due accelerated vacancy diffusion. In fact, in the extensive literature
concerning Sn-Ag, there is already evidence that this alloy can form AlFs. Premelting was
observed 10.6 °C below the melting point of pure Sn (or at ~95% of the melting point) during
reflow at the interface of Sn and Ag multilayers [270]. Due to the metastable nature of AlFs at
room temperature, the fact that AlFs do not form at every grain boundary, and that high resolution
TEM is required to observe their presence, AlFs could indeed be playing an unknown, unexpected
role in the chip industry, correlating to potentially millions of dollars of yield loss and premature
failures.

If AIFs form in Sn-Ag (or related Sn-rich alloys), the extensive history of solder electrical
research could also contribute to AIF research. Electrical resistivity is known to increase with
decreasing grain size [271]. AlFs may further increase electrical resistivity due to the amorphous
structuring of the grain boundary that may increase electron scattering [272, 273]. Four point
probe measurements during Sn-Ag heating could be used to isolate jumps in resistance due to AIF
formation across transition temperatures. Very fine control in resistance measurements and
temperature would be necessary to permit these experiments. For example, a 5 °C temperature
variation corresponds to almost 3% of the eutectic melting point. Fortunately concurrent electrical
measurement during heating, with in situ SEM inspection under vacuum is possible using the
Kleindiek system with the micro-heating stage (maximum 450 °C). UCI has a Kleindiek PS8

system compatible with the FEI Magellan SEM through the CaSTL center.
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AlFs are a naturally occurring grain boundary entities that will form if the thermodynamic
conditions are right. This thesis discovered in Chapter 2 that AlFs could possibly form in a wide
range of alloys, many of which are already commonly used in industry. Additionally, many
industrial processes already use high temperature treatments to achieve desired metallurgical
states, such as casting, forging, and reflowing. The complexion perspective proved fruitful in
formalizing components of AIF theory, but complexions are not part of metallurgical vernacular.
Focusing on industry standard alloys, and using keywords such as “premelt” instead of “AIF” may

open new doors in which to investigate these unique features.
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